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Summary

A core section of mechanics of materials is to understand the relationship of the mechanics to
the nanoscale structure. This has been looked at in metals, ceramics, but in polymers has been
virtually untouched. While micron scale polymer physics has been probed, real size effects
and changes in polymer behaviour have not. This thesis attempts to remedy this by using
diamond flat punch nanoindentation to probe mechanical size effects in polymer materials,
from large to small strain. Additionally these findings regarding size effects in polymers are
then utilised to investigate the effect of phase separation on the mechanical properties of
ultra-thin block copolymers. . Block copolymers are a highly technologically relevant material
that is currently been investigated for use in the semiconductor industry, meaning the
mechanical properties of these ultra thin phase separated films is also technologically
relevant. From a size effect point of view, phase separation also effectively adds in an
additional length scale into the ultra-thin film case, with the polymers now separated into

domains of individual polymers separated by polymer-polymer interfaces.

In order to be able to carry out these measurements it was necessary to start at large scale
effects in these polymers and optimise the technique of flat punch nanoindentation for these
materials. As nanoindentation is generally used for extremely hard materials optimising this
technique for indenting into soft polymeric materials was the first challenge. In addition,
designing and fabricating diamond flat punch, using focused ion beam and a scanning
electron microscope, to work in the nanoindenter was another issue. Bringing the flat punch
into contact with the sample in an aligned manner is also a non-trivial problem and requires
careful use of a tilt stage and atomic force microscopy. These issues are all addressed in

chapter four, the experimental method chapter.

Chapter five deals with effects of aspect ratio, friction and geometry on the measurements
obtained by flat punch nanoindentation. Here aspect ratio is the ratio of the diameter of the
flat punch to the film thickness. In this section it was important to be able to extract a yield

stress and an elastic modulus, taken into consideration aspect ratio, friction and geometry,



from the forming stress and contact modulus calculated for the material by the nanoindenter.
Chapter 5 continues on to probe mechanical size effects in polystyrene and poly(methyl
metha) acrylate. Both polystyrene and poly(methyl metha) acrylate homopolymer supported
films were found to show a dramatic mechanical weakening under indentation at reduced
film thickness, of order five-fold for polystyrene and four-fold for poly(methyl metha)
acrylate. For polystyrene the observed weakening with film thickness is consistent with
previous results. For poly(methyl metha) acrylate, the results are new. Additionally, for
polystyrene this was shown to be independent of molecular weights greater than the
entanglement threshold. Below 100 nm film thickness there was also a clear decrease in
elastic modulus with an eightfold decrease for polystyrene and a 3.5 fold decrease for
poly(methyl metha) acrylate. This was independent of molecular weight in polystyrene, and

independent of aspect ratio in polystyrene and poly(methyl metha) acrylate.

Chapter 6 uses the results from chapter 5 and flat punch nanoindentation to probe the
mechanical properties of ultra-thin films of a highly technologically relevant polymer
material, namely block copolymers. Here polystyrene-poly(methyl metha) acrylate diblock
copolymers were chosen for investigation due to the body of knowledge that had already
been built up for these polymers using flat punch nanoindentation. Additionally, the
structure of the phase separated block copolymers was chosen to be in a lamellae phase of
equal sized domains of polystyrene poly(methyl metha) acrylate. Flat punch nanoindentation
was used to measure the effect of microphase separation on mechanical deformation of
single-lamellar domain thickness block copolymer films. When compared to polystyrene and
poly(methyl metha) acrylate homopolymer thin films of similar thickness and molecular
weight, a strict interpolation of the room temperature stress vs. strain curve was found to
high strain. This was true for polystyrene - poly(methyl metha) acrylate films in both the as-
prepared spin-cast state and following microphase separation into 20 nm lamellar fingerprint
domains induced by thermal annealing. Overall, the thin film stress-vs-strain curves
corresponding to the ultra-thin block copolymer films showed a pronounced softening
compared to measured >100 nm film response, consistent with results from chapter 6. The

block copolymer pre and post phase separated states had identical small strain elastic and



yield response, while the phase separated state demonstrated an effective strain hardening

effect above 0.5 strain, to a value of 40% excess stress at 0.9 strain.

Using pre and post phase separated block co polymer films also allowed us to investigate to
additional questions that have arisen in the literature. Firstly, questions have been asked as to
whether lack of sufficient annealing is responsible for the size effects measured in thin films
of polymers. Annealing leading to microphase separation implies diffusive relaxation of the
polymer chain blocks by displacement on order of the bulk radius of gyration. This leaves
the anomalous thin film mechanical weakening effects observed here and elsewhere in spin-
cast supported thin films difficult to attribute to sample preparation history effects such as

residual stress, local structural gradients and unreleased solvent.

The second question that this addresses is the effect of the microphase separation of the
polymers into separate domains and whether the addition of lateral interfaces within the
block co polymer film has any effect on the mechanical properties of the ultra-thin film. It is
found that the effect of reducing the film thickness , as seen in chapter 6, seems to be
dominant. The introduction of lateral confinement at the 20 nm scale by creating glassy block
copolymer segregation walls has a limited influence on the overall mechanics, manifesting
only at high strain. For polymer nanostructures formed by block copolymer lithograph, a
significant loss in mechanical strength (compared to bulk polymer) occurs by the initial

creation of the supported thin film, but no further penalty is incurred by in-film structuring.

Chapter 7 attempts to push the boundaries of what nanoindentation can currently
accomplish. In clean crystalline surfaces incipient plasticity is studied through the
examination of indentation load-displacement curves acquired by a load controlled
nanoindenter or atomistic simulations for indentation of perfect metals. However the study
of incipient plasticity, or the point where the plastic deformation is just beginning to form,
has not been addressed in glassy polymers. The main reason for this is the time dependency
of deformation in polymer materials. One property of this time dependency can be seen in

nanoindentation by increasing the strain rate which results in an increase in the yield stress.



However, so far it has not been possible to measure strain softening in polymer material,
which is key to been able to access incipient plasticity in polymers. With this in mind a
controlled displacement rate method of indentation was designed for use in the nanoindenter
with flat punch nanoindentation. Using this method clear steps became obvious in the stress
strain indentation curve which it is hypothesised to correspond to the nucleation and
propagation dynamics of individual shear bands in the material. However, limitations with
feedback frequency the nanoindenter can attain restricted the control with which
displacement control could be carried out. Therefore these displacement controlled are
preliminary results for what may be nucleation and propagation of individual shear bands in

polymer materials.

Chapter 8 concludes the thesis by clearly summarising the results within the thesis, placing

them in context, and suggesting the design of future experiments.
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Chapter 1 Introduction

1.1: Background

Ever since Drexler coined the unfortunate phrase “grey goo” nanoscience has captured the
imagination of the world[1]. Self-replicating nanomachines may remain out of reach[2], but
many aspects of nanoscience have already yielded enormous benefits. Nanoscale
technology has the potential to improve the performance and efficiency of materials,
sensors and devices by tailoring the required properties of even macro-scale materials at
the nanometre length scale. With this in mind, nanoscale manipulation of matter by
mechanical means has become a major sub-discipline of nanoscience in the past decade.
The interest in this area stems from the technologically advantageous promise of novel
properties in a wide variety of materials which could be assembled on the nanoscale, while
simultaneously realising successful integration to macroscopic dimensions. Mechanical
nanostructure forming techniques have emerged as a success story in nanotechnology [3]
due to the arrival of high resolution, techniques such as nanoimprint lithography (NIL),

which can be done in parallel over large areas.

NIL is a method of fabricating nanometer scale patterns. It is, in principle, a simple low

cost, high throughput and high resolution nanolithography process. It creates patterns by

mechanical deformation of imprint resist and subsequent processing. During NIL of
polymers, a rigid, patterned die squeezes a supported polymer thin film to dimensions
comparable to the size of the polymer molecule. The squeeze flow between protruding die
regions and the supporting substrate governs the dynamics of NI [3]. The polymer
properties, film thickness, and the distribution of cavity sizes and shapes significantly
affect the processing conditions required for NIL and ultimate replication fidelity. This
means that investigations of the dynamics of amorphous polymer systems during squeeze

flow are of crucial importance.

Despite its apparent simplicity, nanoimprint lithography faces major challenges, including
limited scientific understanding of the mechanical processes and interfacial phenomena
that govern fabrication on the nanoscale [4, 5]. This shortcoming in fundamental scientific

knowledge leads to a loss of production fidelity in functional design. This stems from a



lack of predictive capability for materials and their properties on the nanoscale. Hence, the
aim of this thesis is to address fundamental issues in the nanoscale deformation of polymer
materials. At the bulk (i.e. macroscopic) scale, polymers in the glassy and melt state are
thought of as amorphous materials. However this cannot be assumed when they are
investigated at the nanoscale where the inherent length scales of the polymers become
important. At these scales, for instance where films are prepared with a thickness
approaching the size of the polymer macromolecule, we can learn directly about the
collective motion of small groups of polymers. This is why the nanoscale mechanics of

polymers are especially interesting.

Methods for the characterization of thin film polymer mechanical properties date back to
the copper grid extension method introduced by Kramer[6]. Modern studies include
variations of this technique and a surface buckling technique developed by Stafford et al [7-
9] which are used in conjunction with either AFM, laser diffraction or reflectance optical
microscopy to allow the elastic modulus of thin films to be measured. Dewetting tests of
supported thin polymer films [10-12] (< 100 nm) conducted above and below the polymer
glass transition temperature T are used to investigate the rate of hole formation as a
function of film thickness, molecular weight MW, temperature T, and thermal history.
However, none of these techniques can access the yielding point of thin polymer films, in
addition to measuring the mechanical properties of the films from low to high strain. This
is where flat punch nanoindentation comes into its own as an exceptionally useful and
unique technique that allows access to the dynamics of polymer materials which is vitally

important to areas such as nanoimprint lithography.

This work represents a challenge to conventional testing techniques and is carried out via
an experimental program comprising new generations of nanoindentation techniques used
in conjunction with cutting edge microscopy methods. The focus is on scalable mechanical
manipulation at the nanoscale. Small to large strain deformation processes in nanoscopic
volumes are be probed using flat punch nanoindentation and thin film systems [13, 14].
The materials under investigation are primarily disordered soft matter systems in

particular amorphous polymer glasses and block copolymers. These materials are highly
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technologically relevant, with uses as an industrial structural material and adhesives, as
well as a functional biological materials.[15] In addition, understanding the small scale
mechanics of polymer based materials and composites is also important for future
applications in areas such as pressure sensitive adhesives[16], lubricants and interlayer
dielectrics in microelectronics[17-19], thus how they behave on the nanoscale is an issue of

critical importance.

1.2 Thesis Outline

In chapter 2 the mechanics of materials with the relevant basics in stress, strain, elastic and
plastic behaviour and yielding criteria are introduced. Contact mechanics is then discussed
with emphasis on flat punch nanoindentation. Finally the conventional mechanical testing
of polymers is presented with a discussion of the confinement of polymers to nanoscale
dimensions and why flat punch nanoindentation is advantageous for these type of

measurements.

Chapter 3 introduces polymer materials and block copolymers. How polymers move,
conform and relax is discussed in some detail with various models and a comparison with
some of the vast experimental work which has been carried out on polymer materials. The
effect nanoscale confinement on polymers is once again discussed, but from a polymer
physics point of view. Several of the leading theories of how polymers yield, on large and

small scales are also presented.

Chapter 4 focuses on the experimental techniques which are utilised in this thesis with an
emphasis on the nanoindenter, fabrication of flat punches, how flat punches are aligned
and the preparation of process of homopolymer films and block copolymer films. In
chapter 5 the consequences of aspect ratio, friction and hydrostatic pressure on flat punch
nanoindentation are discussed, and experiments and results analysed to endeavour to
quantify the effects of these on the forming stress and contact modulus. Chapter 5 then
discusses size effects in polymer physics, results are presented from flat punch
nanoindentation into thick and ultra-thin polymers. The characteristic signature of flat
punch nanoindentation, which if scaled with forming stress is consistent for large and

small scale indentations even allowing for size effects in polymers, is presented and the
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physical consequences are discussed. Experimental results of yielding in ultrathin polymer
films using a velocity controlled technique, which appears to generate a different type of
yielding in the material than is generally seen using nanoindentation, are presented. Here
the challenge of developing reliable strain-rate control of flat punch indentation is also

discussed.

Chapter 6 presents mechanical testing of ultrathin block copolymer (BCP) films. BCPs are
very interesting nanocomposite materials which are of huge interest to the lithographic
community. An investigation was carried out into the effect of phase separated domains on
the deformation mechanics of block copolymers (BCPs). Experiments were carried out on
the unordered and ordered block copolymers, allowing the data before and after the BCPS
had phase separated to be assessed, and hence before and after an additional length scale
of ~ 30-40 nms has been imposed on the system of already ultra-thin films. The results from
the block copolymers are compared and contrasted with homopolymer films and the
implications for BCP lithography discussed. Finally chapter 8 concludes the thesis and

some future experiments are suggested.
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Chapter 2: Mechanics of Materials and Nanoindentation

In this chapter, the work focuses on the mechanics of materials, specifically polymer
materials, with focus on flat punch (FP) nanoindentation. The next chapter focuses
specifically on polymer physics. In this section, a brief introduction to basic concepts of
stress and strain is presented before further describing various characteristic phenomena in

the deformation of polymeric matter using nanoindentation.
2.1 Strength of Materials

The body of knowledge known as the “Strength of Materials” deals with the relation
between internal forces, deformation and external loads of matter [1, 2]. In the conventional
method of analysis, the initial assumption is that the material is in its equilibrium state.
Other primary assumptions include that the sample being analysed is continuous,
homogeneous and isotropic. In this case “continuous” is defined as that which does not
contain voids or empty spaces, homogeneous implies identical properties at all points and
across all length scales and isotropic condition ensures that properties do not vary with

direction or orientation.

While materials such as metals, ceramics and polymers meet these conditions on a broad
scale, it becomes apparent that when viewed on a nanoscale or even microscale these
assumptions break down; they may not be homogeneous and isotropic; there exists rather a
rich “sub-continuum” structure. Furthermore, unlike ceramics and metals, in the case of
polymers in a solid, which is a glass-like state, the assumption of equilibrium is also often

invalid.
2.2 Elements of material mechanics: Stress and strain

There are two kinds of external forces which may act on a body, surface forces and body
forces. Forces distributed over the surface of a body, such as hydrostatic pressure or forces
exerted by one body on another are called surface forces or tractions. Forces distributed
over the volume of a body, such as gravitational forces, magnetic forces or inertia forces are

called body forces.



In general the force can be distributed over any cross-section of the body (cross section of
two planes meeting is a line not an area - thus body singular?). Stress is defined as force (P)

Total stress is normally resolved into two components, firstly a normal stress (o) which is
perpendicular to the plane. Tension and compression are both examples of normal stresses,
where the stress occurs perpendicular to the plane under consideration. There exists also a
shearing stress (7) in the plane of the material. Shear stress occurs when the force acts
parallel to the plane. Linear strain, also known as engineering strain, is the ratio of change

in length to the original length (L,) in the same dimension.

(Equation 2.2)

In general, when any solid material is subjected to an external load, it experiences a
deformation. However up to a certain limiting stress, a solid can recover its original
dimensions upon removal of the load. This is known as elastic behaviour. The load beyond
which the material no longer behaves elastically is known as the elastic limit. For most
materials, if the elastic limit of a few percent deformation strain is not exceeded, the stress

(0) strain (¢) relationship is linear.
% = E = constant (Equation 2.3)

The constant E is the elastic modulus of the material, sometimes known as Young's
modulus. Rubber is an example of an elastic material with a nonlinear load deformation

relationship but which still satisfies the criteria for an elastic material.

Another, but equivalent, way to consider elastic materials is that the application of a force
(F) resulting in a small deflection, dx, of an element from its equilibrium position as

described by Hooke’s law
dF =k dx (Equation 2.4)

where k is a constant of proportionality known as the spring constant.



2.3 Elastic to Plastic Deformation

If, for ductile materials, the elastic limit is exceeded, the body will experience permanent
deformation when the load is removed. The body is then said to have undergone plastic
deformation through a process of yield. Is the material is brittle the material will fracture

before it begins to yield.

Elastic - Perfectly Plastic Elastic-Plastic
‘ Real
} N |
i
Stress-Strain | ¢
| Trestram 3 Ly Y S Answ
|.oad-
Unloading 3
s}
Cycles
Displacement | ' §
Indentation
Profile

Figure 2.1: Idealized classification for elastic, perfectly plastic and elastic plastic indentations
showing the associated idealised stress strain and load-unloading cycles along with side and top

down views as resulting indents. Adapted from Bhusan [3].

Deformation due to indentation can be classified in the simplest terms as elastic, plastic or
elastic plastic. Figure 2.1 shows an example of a stress vs. strain curve for a complete load-
unloading cycle and what the indentation profile would look like for each of the three
cases. A simple elastic model completely neglects plasticity and upon removal of the load

there is complete recovery of the material. In contrast, a simple plastic model completely
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disregards elasticity and strain hardening and upon application of a stress the material
begins to deform instantaneously. It then linearly deforms and there is no recovery upon
removal of the load. An elastic-plastic indentation is the most common and in this case
there is first elastic deformation of the material before plastic deformation begins. The
elastic-plastic transition is an idealization of ductile material behaviour characterized by
the yield stress at which a material begins to deform plastically. Prior to the yield point, the
material will deform elastically and will return to its original shape when the applied stress
is removed. Once the yield point is passed some fraction of the deformation will be
permanent and non-reversible. A general picture is that applied stress converts the
structure of the material from one metastable state to another, which persists after the

stress is gone [4].

2.4:  Yielding Criteria

The problem of predicting the conditions at which plastic yielding begins, when a ductile
material is subjected to a combination of stresses, is central to the field of plasticity. For
uniaxial-compression plastic flow begins at a yield stress (o;). It is expected that this
yielding can be related to some combination of principal stresses on the body. However,
yielding criteria are essentially empirical relationships and thus must be consistent with a
number of experimental observations, amongst them that pure hydrostatic pressure does
not cause yielding in a continuous solid. Consider a cube which has three yield stresses

acting on it on along the three principal axes o, 0, and g,.

// Ly

Figure 2.2: Schematic of three principal yield stresses acting on a cube.



The average of these three stresses acting in all three directions causes the cube to change

volume. This average stress is also called Hydrostatic stress (o,,) and is calculated by
o — g(ax + 0y, + O'Z). (Equation 2.5)

This stress does not cause the material to begin to yield, rather it’s the difference between
the average and individual stresses acting on it that causes an angular distortion, which
ultimately leads to its failure. Thus it is shear stress that is the cause of failure every time as
it produces angular distortion. However, as this thesis focuses on polymer deformation the
hydrostatic pressure will be discussed in a later chapter. Unlike metals, where deformation
is normally considered independent of hydrostatic pressure, in polymers, due to a reduced
free volume associated with hydrostatic pressure, hydrostatic pressure effects mechanisms

by which yielding can occur.

If we consider that the total stress tensor which is:

Oxx Oxy Oxz

0=|9%y Oyy Oyz (Equation 2.6)
Oxz Oyz Oz

It can be divided into a hydrostatic stress which involves only pure tension or compression

(o) as in equation 2.5 and a deviator stress tensor (I,) which represents the shear stresses

in the total state of stress. It is the postulate of most theories of plasticity that shear stresses

which cause permanent shape change (i.e. yielding) in ductile materials.
L=z[(ox—ay)" + (0, —0,)" + (0, - 0)? Equation 2.7)
2= |lox— oy gy — 0y 0, — Oy (Equation 2.
24.1 Von Mises Criteria

Prior to yield, material response is assumed to be elastic. The von Mises criterion states that
failure occurs when the energy of distortion, or the elastic strain energy “density” (1),
reaches the same energy for yield/failure in uniaxial tension or compression. Thus the von
Mises criterion also satisfies the property that two stress states with equal distortion energy
have equal von Mises stress. In 1913, Von Mises proposed that yielding would occur when
the deviator stress tensor (I,) exceeded some critical value [1]. If we let that value be k 2

then
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L=k* (Equation 2.8)

We can work out the value at which yielding will occur. To evaluate the constant k we hold
that at yielding in a uniaxial or compression tests thato, = 0y, and g, = g, = 0. For
uniaxial tension, g, is positive and negative in compression. However since we are

concerned k squared we don’t need to consider this in the Von Mises criteria. So:

%[(Jx - O'y)z + (oy - 02)2 + (0, — ax)z] = 2 (Equation 2.9)
= 2[(g— 02 + (0—0)? + (0 6o)?] = %(002) = k2 (Equation 2.10)
= o=k (Equation 2.11)
= 0y = V3k (Equation 2.12)

Where g, is the intrinsic yield stress of the material. This can also be written as:

1
%[(O’x - Jy)z + (Uy - 02)2 + (Uz = Ux)z] V2 = 0Oy (Equation 2.13)

2.5 Introduction to Contact Mechanics

For contact mechanics it is necessary to distinguish between two types of contact,
conforming and non-conforming. A contact is said to be conforming if the two bodies “fit”
exactly or even closely together without deformation. Bodies which are dissimilar are said
to be non-conforming. When bought into contact without deformation they will touch first
at some point - a point contact, or along a line — a line contact. Line contact occurs when the
profiles of the bodies are conforming in one planer direction and non-conforming in the
perpendicular direction. Experiments in this area generally take the form of a body,
normally called an indenter, to which a loading force is applied and a sample which
undergoes some deformation of interest. This contact may be purely elastic, or it may
involve some permanent deformation, or a plastic response, of the specimen, the indenter,
or both. The basic theory for contact mechanics is taken from Johnson’s Contact Mechanics
[5]. The flat punch technique is the primary focus of this thesis and as such it is used for the

bulk of the experimental work.
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2.5.1 Hertz Theory

Consider the case of nonconforming elastic bodies in contact whose deformation is
sufficiently small for the linear small strain theory of elasticity to be relevant. It is inevitable
in this case that the area of contact is small compared to the radii of curvature of the
undeformed surfaces. The contact stresses are highly concentrated close to the contact
region and decreases sharply in intensity with distance from the point of contact. Therefore
the region of practical interest lies close to the contact interface. This implies that provided
the bodies are large themselves compared to the dimensions of the contact region, the
stresses in this region are not critically dependent upon the shape of the bodies at a

distance from the contact area, nor how they are supported within the body.

The stresses may be calculated to a good approximation by considering each body as a
semi-infinite elastic body bounded by a surface plane. This allows the use of the theory of

elasticity which has been developed for the elastic half space.

2.5.2 Indentation by a Rigid Flat Punch

To do this consider the stresses produced in an elastic half space by the dynamic action of a
rigid flat punch pushing into the sample [5], as shown in figure 2.3. The punch has a
circular flat base of diameter 2a and sharp square corners. The base of the punch is aligned
with the sample which allows us to simplify the conditions to be plane strain. As the punch
is assumed to be perfectly rigid, the surface of the elastic solid must remain flat where it
contacts the punch. We assume a perfectly aligned tip so that the punch face remains
parallel to the undeformed surface of the solid. Thus the first boundary condition to be
identified is one of specific normal displacement. So that the displacement by the tip as it is

moved into sample (§) equals the displacement into the sample (x).
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Figure 2.3: Schematic of Flat Punch nanoindentation.

This allows a very simple calculation of engineering strain using equation 2.14. As the area

in contact remains constant throughout the indentation, engineering stress can also be

calculated in a straightforward manner (equation 2.14). Therefore n—Z_?- is once again the

) . L—L
indentation stress and —=

is taken as the indentation engineering strain.
0

Therefore the equation for the stress strain curve in flat punch indentation is

g = ("—L") =L (Equation 2.14)

Lg ma?

Geometrically, there is an additional complication at the square edges of the flat punch that

leads to Cauchy stress singularities as soon as the punch is in contact with the material.[5].
2.5.3 Introduction to Finite Element Modelling

In recent years nanoindentation has become a standard test for investigating the
mechanical properties of materials [2]. This has thus caused increased interest in the
analytical understanding of flat punch nanoindentation. To calculate most mechanical
properties the stress field must be known. In many cases the subsurface stresses are the
most dominant when wishing to understand mechanical behaviour. In the absence of any
direct experimental method for measuring these stress fields it is necessary to use
numerical techniques. One such technique is Finite Element (FE) Modelling. Since the late
eighties this technique has been used, in conjunction with experimental work, to extract E

and H from load displacement curves; for example by Doerner and Nix [6] and Oliver and
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Pharr [7]. For instance, E can be calculated from the initial slope of the unloading curves

using the method of Oliver and Pharr. The FE Method is a numerical technique for finding

approximate solutions to partial differential equations, integral equations and their

systems. In simplest terms, FE modelling is a method for dividing up a complicated
problem into small elements that can be solved in relation to each other. It has proved to be
a useful technique, in conjunction with simple material models, for extracting both E and H
from the unload section of the nanoindentation curve [6], although the effect of the
substrate must be taken into consideration. A general rule of thumb for indentation is that
that indent depth should be a maximum of 10% of the original film thickness. After this the
substrate begins to have an effect on the mechanical properties measured. While this is
sufficient for bulk uniform samples, this becomes an issue when considering compound, or
layered structures, particularly in thin layered films. In this situation FE modelling is a
particularly effective tool where FE techniques are utilised by matching the simulated
loading and unloading curves with the experimental ones. Even as the sample thickness is
reduced, these techniques yield useful results, as shown by Bhattacharya and Nix [8] down
to a sub micrometre scale. Also, as contact depths are reduced below 50 nm the tip radius
does become more important, although work by Yu et al, once again utilising a mix of
experimental and FE modelling, has shown that as long as the tip geometry/radius is well
known it is possible to use FE modelling to extract E and H from these contact depths [9].
Knapp et al [10] have also shown that FE modelling, in conjunction with nanoindentation,
can be used to extract the yield strength, E and H of even ion-beam-modified ultrathin

layers of materials independently of the properties of the underlying substrates.

FE modelling has also been utilised for flat punch nanoindentation where it is possible to
carry out 2 dimensional rectangular punch indentations or 3 dimensional cylindrical flat
punch indentations. 3 dimensional simulations are more detailed and accurate, although

there is a time cost to running these simulations.

Yang has found analytical solutions for cylindrical flat punch indentation using FEA in
conjunction with perturbation theory that describe the stress state under the flat punch for
indentations into compressible elastic thin films bonded to a rigid substrate as aspect ratio
tends towards infinity.[11] He found that both the normal stress and the shear stress are

inversely proportional to the thickness of the thin film and proportional to the indentation
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depth, and are shown in equations 2.15 - 2.17. Here cylindrical polar coordinates (r, 0, z)
are used such that the z-axis coincides with the axis of the indenter, the r-axis is

perpendicular to the z-axis, and 0O is the angular distance between a reference line and the

r-axis.
Tz = ~L¥ + 26)% Equation 2.25
O = —Z’? Equation 2.16
Opy = — (Y + 26)% Equation 2.17

where o refers to stress, h is the film thickness, G is the shear modulus of the material, v is
the Lame constant and 0 is the indentation depth. What is interesting to notice here is the
lack of dependence on friction in these equations, even though it was originally included in
the model. This analysis, which also utilises perturbation theory in conjunction with FE
modelling, provides an extremely useful approach to evaluate the mechanical properties of

ultra-thin films using nanoindentation.

2.5.4 Effect of Stress Singularities’, Aspect Ratio and Contact Geometry in Thin film

Flat Punch Nanoindentation

Figure 2.4 shows the case of pressure (I) under a flat punch plotted against distance from
centre of punch. A represents the frictionless case and B the case of full stick. This
schematic is adapted from chapter two of Johnson’s Contact Mechanics where full
conditions and calculations used in calculating P(x) can also be found [5]. What is
significant to notice here is that as x/a approaches 1 the pressure under the punch increases
sharply. According to Johnson the pressure reaches a theoretically infinite value at the
edges of the punch (x = + a). The stresses within the material in the vicinity of the corners of
the punch were found in 1963 [12] who found that the principal shear stress reaches a
theoretical infinite value as x approaches a. Therefore one would expect a real material to

yield plastically close to the corners of the punch at even the lightest loads[5].

The second boundary condition in the loaded region depends on the frictional conditions
at the interface, but what is shown in figure 2.4 is that by Johnson’s analysis the influence
of friction on the pressure under the punch is relatively small. This is consistent with

findings by Yang who used FE anaiysis to show that friction under a flat punch has no
15



effect on the pressure under the punch required to cause deformation for a compressible

material at low strain. [11, 13].

P(x)
2.5=

2,0

15 A

0.5 \ B

Figure 2.4: Schematic of pressure (P) versus x/a, where x is distance from centre of punch and a is
the punch diameter, under a flat punch where Poisson’s ratio is taken to be 0.3. A represents the
frictionless case and B represents the case of full stick. Adapted from Johnson's Contact Mechanics

5].

However, to expand upon this consider thin film flat punch nanoindentation (TFFPN) in
more detail. TFFPN consists of a rigid (diamond in the case of this thesis) flat punch
coming in contact with polymer thin film. The polymer thin film is assumed to be rigidly
bound to a silicon substrate. Aspect ratio and contact geometry will be dealt with

concurrently here.[1]

The effect of changing aspect ratios for indenting flat punches into thin films is expected to
have an effect on the pressure required to cause deformation in the materials due to a
fundamental change in the flow field. However, in the past carrying out experimental work
to test these theories and numerical simulation however has been extremely difficult to do
due to difficulties with aligning flat punches and samples. Additionally in other

experimental setups, for example cylindrical billet upsetting of metals, friction has been
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shown to have a large effect on the mean pressure required for deformation. [1] While this
model is different from flat punch indentation it does serve as an experimental
comparative starting point for the effect of aspect ratio and friction in TFFPN. This
technique of cylindrical billet (Figure 2.5) upsetting whereby a cylindrical sample (billet) is
placed between two platens and compressed is in widespread use for measuring the

mechanical properties of billets/pillars of various metals. [1, 14-17]

Axis of symmetry |

N\
/ Die Face

Billet

Figure 2.5: Schematic of cylindrical billet upsetting.

However, the question then arises of how similar cylindrical billet upsetting is to TFFPN. It
is possible to make an argument that these two geometries can be compared, but as the
flow field does change between the two systems this must be taken into consideration. To
accomplish this a simple 2 dimensional system is considered (Figure 2.6) which focuses on
the movement of the material at the side of the punches. Geometrically, the difference
between these two systems is dominated by the infinite film which acts to confine the
polymer thin film at the edge of TFFPN (Figure 2.6 a). In cylindrical billet upsetting the
material is able to move outwards (Figure 2.6 b) whereas the material in the TFFPN case

must move up and around the flat punch.

Analysis comparing these two systems under 2D plane strain conditions has been done by
Johnson and Kudo where they considered 2 punches, one above and one below a material
that they wished to deform. [18] They used slip line theory to analyse the flow stress inthis
system where the width of the lower punch was varied to from equivalent to much larger
than the upper punch. TFFPN corresponds to the case where there is, effectively, an

infinitely wide punch on the bottom with material bonded to the punch, while on top there
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is a smaller punch. This means material is able to flow up and around the punch in a
similar manner to TFFPN. They assumed that there is a full stick condition between the
substrate and the film, similar to Yang’'s assumption.[19] Their findings show that the
difference between a cylindrical billet upsetting experiment and TFFPN experiment is a
factor of 2.5 in pressure required for plastic deformation, due to constraining effects of the
surrounding material. Therefore in TFFPN yield will appear to occur at 2.5 times the value
required in cylindrical billet upsetting and this can be considered to be due to geometrical
differences between the two set ups. This is closely related to the constraint correction
factor connecting indentation hardness to tensile yield stress discovered by Tabor for
indentation using various tip geometries, [20] and well predicted by slip-line field
analysis.[1] The Tabor factor, which arises from the constraining elastic hinterland that
surrounds all indents, was found to be close to 3 for metals and to range from 1.5 to 2 for

polymers.

Diamond

~~ Flat punch~>
KPiIe-up

Infinite Substrate Infinite Substrate

Figure 2.6 a) 2 dimensional schematic of material flow in TFFPN. Note the pile up at the side of the
punch, and the way the material must move up and around the punch due to the material
confinement as a result of the infinite film (represented by the arrows pointing in towards the flat
punch). b) 2 dimensional schematic of material flow in cylindrical billet upsetting. Here the material

is not confined and simple moves outwards.

A simple linear model to explore the effect of aspect ratio and geometry, inspired by a
cylindrical billet upsetting model,[1] will be used in this thesis. The stress at which the
material begins to yield in TFFPN, which is known as the forming stress (FS) throughout
this thesis will be plotted against the aspect ratio, where aspect ratio is defined as the

radius of the punch (a) over the original film thickness (/).
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At this stage we can refer to Johnson and Kudo's analysis that shows that for TFFPN the
stress required for plastic flow will be 2.5 times higher due to the confining effect of the
surrounding material (Figure 2.6). As this result arises from a rigid plastic analysis more
akin to metal deformation, we expect, following the Tabor parameter scaling, a value of

about half to two-thirds of this for polymer systems. [2]
2.6 Yielding of Polymers

When solid polymers are subjected to a stress of sufficient magnitude they virtually all
undergo a permanent shape change. Here, we are interested in the onset of this irreversible
deformation, or the transition from elastic to plastic behaviour in glassy polymers. The area
of mechanics of bulk glassy polymers has been addressed extensively over the past 40
years [4, 21-23], with a lot of research been carried out on the mechanisms through which

these materials deform.
2.6.1 Conventional (Bulk Scale) mechanical testing of polymer glasses

In macroscopic mechanical testing of bulk polymer glasses, uniaxial tensile deformation is
the most commonly used test. Specimens such as those shown in figure 2.7, with
rectangular gauge sections of initial length (lo) and cross-sectional area (Ao) are clamped at
the larger gripping portions and extended at a constant rate. The stretching force (F) is
recorded as a function of increasing length (I) of the gauge section. Within the uniaxial
gauge section the uniaxial stress is calculated as in equation 2.1. Where the area A < Ay, as

during elastic extension along the y-axis A decreases.

A schematic diagram of engineering stress versus engineering strain is shown in figure 2.7.
Initially the material deforms elastically, before a collection of shear zones occur at the peak
load or nominal yield stress. The neck evolves during the load drop after which the stable
next propagates along the gauge section. Stress then rises when the neck advances into the

clamping region.

Other tests that are uniformly carried out involve repeating these tests while varying the
temperature and strain rate as polymers are a time and temperature dependent materials.
The theory regarding this rate dependence is presented in Chapter 3, but here it should be
noted that as one would expect from temperature and time dependent polymers, that the
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strain rate (€) increases as o increases, and as temperature (T) increases o decreases. This is

shown below in figure 2.8 for conventional tensile testing of polycarbonate PC [4].

.

.

Stress

i

Strain

Figure 2.7: A schematic diagram of nominal stress vs. nominal strain of a conventional tensile test
when the sample necks. Initially the material deforms elastically, before localised shear bands form
just before or at the load maximum. The neck then evolves during the following load drop after
which the stable neck propagates along the gauge section. Stress then rises when the neck extends
towards the clamping region. This graph is adapted from page 163 of The Physics of Glassy

Polymers [4].
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Figure 2.8: a) shows tensile stress vs. strain behaviour of polycarbonate (PC) at a constant strain
rate at various temperatures from 25" C to 150" C. Yield stress and yield strain increase as
temperature is lowered. b) shows tensile stress vs. strain behaviour of PC at constant temperature
but with strain rate dependence varying between 1 x 10 to 5 x 10-°. As the strain rate decreases the
yield stress and yield strain decrease also. Both once again adapted from The Physics of Polymer

Glasses. [4]
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Another characteristic of glassy polymers is the sample preparation history dependence
i.e., whether samples are quenched from the liquid state or annealed (slowly cooled). The
yield point is much higher for annealed samples than for quenched, although the yield
strain point occurs at the same point [4, 24]. Pressure also has an effect on the yield point in
glassy polymers. In conventional tensile stress strain tests the yield stress and yield strain
increase with increasing pressure. Strain softening is another characteristic of complex soft
matter systems such as polymers. It takes place in such materials after the yield point has
been reached; deformation continues to occur at loads lower than the yield point. Strain
softening is demonstrated in figure 2.8, where after the yield point is reached there is a

drop in effective stress as effective strain increases.

Another important consideration to understand polymer deformation is the uniformity of
the plastic flow field. In macroscopic deformation, shear bands can develop, the nature of
which depends on the thermal history of the sample [25]. Shear bands are localised regions
of plastic flow where the material has undergone high strain deformation. Under simple
compression and tension, these tend to nucleate at an angle of 45 degrees to the loading
direction. Other non-elastic responses include crazing but these are not the focus of
discussion in this thesis. Optical micrographs of shear bands in a bulk sample are shown in
figure 2.9, where intense shear bands in slowly cooled PS and quenched PS are shown,
where both bulk samples were deformed in the same manner [4]. The slowly cooled
sample shows localised deformation which can be seen by the thin shear bands throughout

the sample (figure 2.9 a).

a L ———— - —

Figure 2.9: a) Intense shear bands in slowly cooled PS deformed at room temperature. b) Shear
bands formed in quenched PS deformed in the same manner. These images are adapted from

reference [4].
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The quenched sample deformed in a uniform manner which can be seen by the thick shear
bands throughout the deformed sample (figure 2.9 b). This is shown for bulk samples, but
how materials deform on the nanoscale in terms of the plastic flow field is not as clear-cut

where flow field visualization techniques are incredibly difficult.

27 Advantages of Flat Punch Nanoindentation for Mechanical Testing of Polymers

A well aligned, high aspect ratio of the punch to film thickness allows measurement of soft
material film properties to dimensions much smaller than conventional nanoindentation
[26]. This experimental approach has yielded access to the mechanical properties of both
thick [27] to thin polymer films from the glassy to the melt state [28]. Using this technique
there is a clear distinction between elastic and plastic deformation within a material. For a
polymer in the glassy state a step like feature corresponding to the yield point of the
material is clearly identified, while in the melt state this step is quenched. It has also been
shown by this flat punch indentation method the yield point in the stress strain curves can
be suppressed by increasing the temperature, while increasing the strain rate has the effect
of reducing the yield point; proving the validity of this method for accessing material

properties of ultra-thin polymer films.

With flat punch indentation a certain characteristic signature of indentation for a film of
elastic-plastic material (figure 2.10) is expected. From this we infer with increasing strain,
successive regimes of elastic deformation and an elastic to plastic transition at a specific
yield point followed by a post yield elastoplastic flow. After the elastoplastic flow the effect
of the substrate elasticity when the film has become very thin can be seen, followed by a
hold section where creep is calculated. After creep is calculated the unload process is
carried out. Figure 2.10 shows this characteristic graph for a 52 nm thin film of PS (Mw =
9000K and Rg = 84 nm). The punch used was a 400 nm diamond flat punch with a punch
face roughness of 2-3 nm. This punch face roughness and any misalignment of the flat
punch leads to contacting defects in the contacting zone. The strain at the yield point
appears to be high due to these contacting defects and also the effect of hydrostatic

pressure.
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Figure 2.10: A characteristic graph of flat punch indentation into an ultra-thin film of Polystyrene.
The punch used was a 400 nm diamond flat punch and the film thickness was 52 nm. Full contact

was established at 6 nm and the strain at yield point appears to be high due to contacting defects.

What is very important to note here is the similarity figure 2.10 has with figure 2.7. Both
graphs show clear elastic regions and yielding regions simply from carrying out either the
tensile test or the flat punch nanoindentation. Therefore there is a clear correlation between
macroscopic conventional mechanical testing and flat punch nanoindentation, which

allows identification of the yield point in a material.

Thin film flat punch indentation specifically allows the measurement of mean stress vs.
engineering strain signals in an experiment. The question addressed in this thesis is how
well can these curves can be used to extract the intrinsic elastic modulus (E) and yield
stress (YS) material parameters, for instance in a simple picture where one assumes
behaviour can be adequately captured by an elastic-plastic constitutive law. With this in
mind two terms are introduced, contact modulus (CM) and forming stress (FS). CM is
related to E in that it corresponds to the slope of the initial linear section of the stress strain
curve in flat punch nanoindentation which is associated with the elastic section of the
indent. FS is related to YS in that it corresponds to the “knee” in the stress strain curve that
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corresponds to the transition from elastic to plastic behaviour in flat punch
nanoindentation. This can be seen in figure 2.10 as the region of the nanoindentation curve
which is highlighted as the point where the material begins to yield. However, CM and FS
are not directly equivalent to E and YS as aspect ratio, friction and hydrostatic pressure
may cause CM and FS to vary from the intrinsic material values calculated using other

techniques.
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Chapter 3 Theory: Polymer Physics

This section introduces the basics of polymer materials and some of their key structural
and mechanical features. Amorphous polymers and what constitutes the glassy state are
then discussed and block copolymers (BCPs) introduced. This is followed by a discussion
on plastic deformation in bulk glassy polymers and an introduction to some of the key
models that deal with the elastic to plastic transition in polymer glasses. Key results of
conventional mechanical testing of bulk polymers are presented before the effect of
pressure on the deformation behaviour of polymers are discussed. Hydrostatic pressure is
an important side effect of flat punch nanoindentation and so must not be neglected. The
motivation for scaling right down to nanoscale and nanoindentation are presented. Yield

processes in thin films and results to date are also discussed and expanded upon.

| Polymer Materials

Polymers, also known as macromolecules, are made up of a large number of molecular
units. They are often measured in the hundreds of thousands of atomic mass units and are
linked together by covalent bonds. The first polymers used were natural products like
cotton, starch proteins and wool. Artificial polymers first began to be synthesised in the
twentieth century. Bakelite and nylon were amongst the most important polymers
synthesised, although the scientists of the day did not understand many of the chemical
structures and physical properties that resulted. Key aspects of polymer science include
molecular weight, molecular weight distribution and the organisation of the atoms in the
polymer chain. These aspects affect the relationships between polymer structure,

morphology and physical and mechanical behaviour.

A polymer is essentially made up of many (poly) short structures which repeat, called
mers, which are the building blocks of the chain. For example polyethylene is a particularly

simple structure and is made up of many (poly) ethylene structures (mers) (Figure 3.1).
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Figure 3.1: an example of a polymer chain; polyethylene

Many polymers crystallise, and the size, shape and organisation of the crystallites depend
on how the polymer was crystallised. Effects like annealing are very important as they
have a strong influence on the final state of the molecular organisation. Other polymers are
amorphous as their chains are too irregular to allow regular packing. These polymers will
appear to be in a glassy state, although when heat is applied they will pass from this glassy
state to the rubbery state with the onset of chain molecular motion. Entanglement is
another important aspect of polymers. This is when long chains of polymers become
entangled together, which helps strengthen the material when it experiences stress. In the
melt state these entanglements also cause the viscosity to be raised significantly. The
mechanical properties of polymers that will be focused on in this section are elastic
modulus and contact stress. In addition, the theory behind activation volumes and
activation energies generated by the Eyring model will be presented, as well as additional

polymer models.

3:2 Block Copolymers

Block copolymers (BCPs) consist of two or more distinct polymer chains covalently bonded
together to form a more complex macromolecule. If the constituent polymers are
immiscible, phase separation on the same scale as the copolymer chains can be induced,

meaning thin films of BCPs can be characterised by their highly oriented domain [1].

27



Diblock Copolymer Disordered Ordered

D Thermally 2 T4
P” A A v\ , AU e |
pYa) WA ko) R ble . |udgaYe lE
9  \E A 5 k\ eversi @ Y ,
» A P ¢ Vi el [
, B i ".‘\;' :J‘ : e T 1 '3‘
A [ — B’ {},"‘ - 8! _4., -
DA (ho St ] a4 l
(“f‘\.\, \ > .f-“; 4% ! { 51
- =SSN -
A B ABASZB

Figure 3.2: Block Copolymer representation. A and B represent the two joined polymers respectively.

Image shows schematic representation of the block copolymer in disordered and ordered state.

In recent times BCPs have begun to be seriously considered for nanotechnological
applications. They are ideal templates for creating nanostructures including porous
membranes, arrays of quantum dots, metal dots and wires and nanocrystals which have
been used in devices such as flash memory [2-4]. While these thin films of phase separated
polymers can be imaged using atomic force microscopy (AFM)I[5, 6] and scanning electron
microscopy (SEM)[4] it is impossible to access their mechanical properties using

conventional testing techniques.

3.3 Amorphous Polymer Glasses

Many materials can be found in the glassy state. The transition to the glassy state for
materials can be considered via the rapid increase in viscosity that occurs when liquids are
cooled and crystallization does not occur. Most simple compounds, such as metals,
crystallise on cooling below their melting temperature. In more complex materials, such as
polymers, the rate of crystallization may be so slow that a glass is formed before a
significant proportion of the material has crystallised. In some other cases, especially with
polymers that have a low level of structural symmetry, e.g. atactic vinyl polymers, the
crystallisation of the material is not possible and the glassy state is the natural state of the
polymer at low temperatures. Synthetic glassy polymers have been developed since the

1950’s and were first developed for use as thermoplastics.[7]
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3.4 The Glass Transition

The glassy state can be characterised from an experimental point of view through the
changes that occur in the material as it is cooled at constant pressure. Once the glass
forming material is cooled below its melting state a super cooled liquid is obtained. The
viscosity of the liquid increases rapidly as the temperature decreases until a situation is
reached where the intermolecular rearrangement is slow compared with the time scale of
the experiment. At this point the material can be considered to be in the glassy state after

passing through its glass transition temperature (Tg).

The glass transition temperature is a highly discussed topic, mainly due to its incredibly
complex nature, whereby it is not a true second order thermodynamic transition but rather
appears to be a kinetic phenomenon; there is still some debate on this matter [8, 9]. In a true
first order thermodynamic transition the free energy as a function of any given state
variable is a continuous function, but the first partial derivatives of the free energy with
respect to the relevant state variable are discontinuous. The signature of the glass transition
is a break in a property, (for example volume or enthalpy) or a sudden change in its
derivative, (for example heat capacity or coefficient of thermal expansion). None of these
are examples of first order thermodynamic transitions, but they are signs that some change
is occurring at Tg. An alternative definition of Tg is when the time taken for a relaxation is
of the order of 100 seconds. This great increase in relaxation times upon cooling a system in
the neighbourhood of this glass temperature is associated with the decrease to very small
values in the number of configurations available to the system in this region.[8] Most
results discussed in this thesis refer to polymers below Tg, therefore this is the area is of

great importance.

35 Relevant Length Scales in Polymers

The Kuhn segment length (bo) is the basic scale for specifying the size of a chain segment.
For flexible polymers the Kuhn segment varies between 6 and 12 mers and has a value of
eight mers for polystyrene (PS), corresponding to a length of 1.8 nm and 6 mers for Poly
(methyl methacrylate) (PMMA) corresponding to a length of 1.7 nm.[10] The Kuhn

Segment also encapsulates the idea of how far one must travel along a chain until the
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memory of the starting direction is lost, that is, the segment has an orientation independent
of its adjacent elements. Additionally, the Kuhn segment is also related to the persistent

length of a polymer (p) with 2p = bo.[10]

3.5.1 Relevant Length Scales: The Random Coil Model

The random coil model, sometimes called the Gaussian coil, describes the conformation of
a polymer chain in space. For a random linear polymer coil obeying Gaussian statistics the
end to end distance squared depends on the molecular weight (Mw) such that a polymer of
molecular weight is made up of a chain of N links, each of length bo, able to point in any

direction independent of each other.

(R) = byVN (Equation 3.1)

This derivation can be found in Doi and Edwards.[11]

However, since all objects possess a radius of gyration this can be used to characterise the
size of a polymer of any architecture. The radius of gyration of a polymer (Ry) is defined as
the average square distance between monomers in a given conformation and the polymer’s

centre of mass[12].

2 2
b‘;N = % (Equation 3.2)

(RZ) =

The first molecular theories concerned with the motion of polymer chains were developed
by Rouse and Bueche [7, 10]. This model considers a polymer chain to be made up of a
series of equal submolecules each long enough to obey a Gaussian distribution function,
i.e. each submolecule is a random coil in its own right. In this model every submolecule is
replaced by a bead of mass M connected by springs with a Hooke’s constant. The shortest
relaxation time of the Rouse model is the time it takes a monomer to relax. The longest

relaxation time is called the Rouse time and is the time taken for an entire chain to relax.
3.5.2 de Gennes’ Reptation Theory; How Polymers Move

While the Rouse-Bueche theory was successful in establishing the idea that chain motion

was responsible for creep, relaxation and viscosity, quantitative agreement with
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experiment was less satisfactory. Hence de Gennes introduced his theory of reptation of
polymer chains[13, 14]. His model consisted of a single polymeric chain trapped inside
what can imagined to be a three dimensional tube. The chain is not allowed to go outside
the tube, but it is allowed to reptate along it. The chain is assumed to have certain
“defects”, and these defects are allowed to migrate along the chain in a type of defect
current. The reptation motion yields forward motion when a defect leaves the tube at an
extremity, and then can assume various new conformations. Using this model de Genne
found that the self diffusion coefficient D, of a chain in one these tubes depends on the

molecular weight (Mw) as
D « M2 (Equation 3.3)

Numerical values of the diffusion coefficient in bulk systems have a range of 102 to 10

cm/s in the melt state.

de Gennes also developed a model to try and explain why there are variations in Ty as

polymer film thickness is reduced. This is presented in more detail in section 3.8.1.

3.6 Relaxation in Glassy Polymers

Below T large scale translational and rotational rearrangements are not energetically
accessible. However the complex structure of glass forming liquids means that more
localised molecular or atomic rearrangements are possible below, and often well below
Ts[47]. The majority of the measurements presented here, using flat punch nanoindentation,
are taken at room temperature, which for the polymers PS and PMMA is approximately 80-
90 degrees below Ty. Therefore this discussion will focus on the type of relaxations that can
occur in polymers in the glassy state. In addition the effect of pressure on the different
types of relaxation will be discussed using results from different techniques, e.g.
broadband dielectric spectroscopy and mechanical measurements. These results help shed
light on the effect that hydrostatic pressure has in flat punch nanoindentation, and
nanoindentation in general, for polymers below. This is a very different effect than the well

known Ty hydrostatic pressure dependence which also occurs in polymers. [9]
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3.6.1 The Effect of Hydrostatic Pressure yielding in Polymers

The effect of hydrostatic pressure on the glass transition temperature (Ty) has been
introduced and discussed briefly above. In quantitave measurements via broadband
dielectric spectroscopy (BDS), for PS and PMMA, pressure was found to have the effect of
increasing Ty by 0.3 © per MPa [9, 15]. Ty is commonly associated with the a relaxation,
which refers to the relaxation. Such a system can be viewed as seeking a minima on an
(effective) local free energy landscape[l16]. Using BDS it was found that increasing
hydrostatic pressure had the effect of moving the a-relaxation to lower frequencies, and
due to the a-relaxation association with Ty this is where this calculation of pressure

dependency on T; originates.

The effect of hydrostatic pressure on elastic modulus and yielding in a polymer material is
less studied. Quinson et. al. show an increase in pressure results in a shift of a molecular
relaxations towards higher temperatures, while having a lesser but still noticeable effect on
the weaker 3 relaxations. The separation of the a and [ relaxations was done by
considering the theoretical temperature dependence of the two relaxation modes. Quinson
showed their results, obtained by testing via uniaxial tension and uniaxial compression, are
supportive of the results obtained from BDS below T, presented in the next section. They
also showed that the cooperative molecular motions that lead to yielding are of the same
nature of motion that produces a relaxation. In particular they are closely linked to the
motions associated with the low temperature side of alpha relaxation. It has been
postulated that pressures up to 100 MPa the yield stress depends linearly on pressure.

Therefore
Ti = Toetg + NP (Equation 3.4)

here 1; is the yielding shear stress, T, is the octahedral shear stress related to the
deviatoric stress introduced in chapter 3, P is the hydrostatic pressure and n is the pressure
coefficient which quantifies the yield stress sensitivity to pressure. A value for n has been
quantified by Spitzig and Richmond [17] for polyethylene (PE) and polycarbonate (PC) in
very thorough experiments where the hydrostatic pressure was increased from 0.1 MPa

(atmospheric pressure) to 1104 MPa in tensile and compressive testing at room
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temperature. They found an observable effect that pressure moves the yield point to a
higher strain (yield strain) and has the effect of increasing the yielding value by n = 0.18
Mpa per Mpa of pressure in Polyethlene and n = 0.14 in Polycarbonate. Quinson et al[18]
also measured n and found it to be 0.18 for PS at 20°C and 0.23 for PMMA for 20°C,
numbers which are in good agreement with Spitzig and Richmond. Pressure has also been

shown to have the effect of increasing the elastic modulus in polymers.[17, 19]

3.6.2 Relaxations Modes in Polymers

Amorphous polymers exhibit multiple relaxation processes ranging from local relaxations
to cooperative relaxations to end-to-end vector relaxation which gives rise to another
slower dynamic referred to as normal mode. The two main modes of structural relaxation

are called a-relaxations and (3-relaxations.

The a transitions refers to relaxation via cooperative rearrangement of molecules which
allows molecular chains to slide past each other[8] and is the main relaxation related to Ts.
Hydrostatic pressure in dielectric measurements has been shown to have a large effect on «
relaxation. With increasing pressure, and hence increasing densification, it becomes
increasingly difficult for the polymers to find the volume to accommodate the large scale
movements required for a relaxation. This has the effect of increasing Ty with increasing

pressure. This has been measured to be 0.3 degrees per MPa in PS and PMMA[9, 15].

The [ transitions correspond to local structural relaxations such as sub segmental
relaxations, for example the reorientation of an ester side group, and are a much higher
frequency dependent relaxation mode.[20] According to dielectric spectroscopy there are
two types of (-relaxations, fast and slow. It is this relaxation that dominates in the glassy
region.

The p-relaxation often involves a localised motion of a small segment of the chain.
However it can also be as a result of a whole of a side group moving from one potential
energy minimum to another, although without necessarily making a complete rotation.[7]
Since in the glassy state there is less free volume for large scale cooperative motion of

molecules (a relaxation), it is the (-relaxation which is more prominent. However most
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techniques do not differentiate clearly between relaxation modes, therefore they tend to get
clumped together and treated as a uniform topic. However as we will see, 3-relaxations are
affected differently by hydrostatic pressure than a-relaxations, therefore what we expect to

happen at and around T is very different from what occurs 80 degrees below Tk.

The complex structure of glass forming liquids means that localised molecular or atomic
rearrangements are possible below, and often well below T [21]. The effect of pressure on
the a transition is not enough to warrant the expectation that at room temperature, in the
glassy polymer state, pressure will have the same effect on elastic modulus or yield
strength. However results from Spitzig and Richmond[17] do indicate a similar type of
dependence, although on a lesser scale of approximately 0.14 MPa per MPa for PC and
0.18MPa per MPA for Polyethylene for yield as opposed to 0.3 °C (or MPa) per MPa that is
seen for the T, of PS. Quinson et al [22] have measured the pressure dependency for PS to

be 0.19 MPa/MPa and for PMMA to be 0.23 MPa/ MPa.

3.6.3 Effect of Pressure on Relaxation modes in Polymers

The [ relaxations correspond to local structural relaxations known as sub-segmental
relaxations, for example the reorientation of an ester side group and are a much higher
frequency dependent relaxation mode. [20] In PMMA, the reorientation of an ester side
group is an example of a beta relaxation. [7] Since in the glassy state there is less free
volume for large scale cooperative motion of molecules, it is short range relaxations which
are the more prominent. Many experimental techniques are unable to differentiate clearly
between relaxation modes; therefore they tend to get treated as a uniform relaxation mode.
In contrast to larger scale molecular motions the shorter scale appears to be not as sensitive
to pressure. [18, 22, 23] It is this relaxation mode that appears to dominate at room
temperature in PS and PMMA so is of keen interest in this discussion. The measurements
presented here using flat punch nanoindentation are taken at room temperature, which for

both these polymers is approximately 80-90 degrees below Ts.

Below T large scale translational and rotational rearrangements are not energetically
available. However the complex structure of glass forming liquids means that more

localised molecular or atomic rearrangements are possible below, and often well below T,
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This has been measured by Quinson et al [22] who found the pressure dependency for PS

to be 0.19 MPa/MPa and for PMMA to be 0.23 MPa/ MPa.

3.7 Effects of Confining Polymers to Nanoscale Dimensions
Scaling down from bulk to nanoscale experiments is not trivial. Since Keddie, Jones and
Cory’s pioneering paper in 1994 on the size dependent depression of Ty in polymer films

this topic has been a hugely controversial topic,[24] with many conflicting results.
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Figure 3.3: Typical data from an ellipsometric scan reproduced from Keddie et al.[24] This sample
(MW = 900 000), initially 17.3 nm thick, shows a Tg of 353 K. Approximate film thickness is shown
on the right axis. The scan was conducted with radiation having a wavelength of 387.5nm and an

angle of incidence of 80°.

Keddie et al. measured the T of thin polystyrene films as a function of film thickness via an
ellipsometry technique that calculated the discontinuity in expansivity as the films were
heated at a constant rate. They found that the glass transition decreases in temperature as
the thickness of the film is reduced. In addition they found the effect is not strongly
molecular-weight dependent, ruling out chain confinement as the major cause; instead they
suggested that at the surface of the glassy film is a liquid-like layer whose size diverges as

the glass transition temperature is approached from below.
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They measured values of the glass transitions for three different molecular weights of
polystyrene, each measured at about 15 different thicknesses, plotted against the film
thickness. They found thick films approached a constant bulk value which is close to that
measured by other techniques. For the molecular weights used, the small molecular weight
dependence of the T; (bulk) temperature was found to be insignificant. When the films are
thinner than a few tens of nanometres, substantial reductions in T, are apparent. They
fitted their data to the function

T,(d) = T, (bulk) [1 - (3)5] (Equation 3.4)

where d is the film thickness, A is the characteristic length (3.2 nm), d = 1.80 and T, (bulk) is
374 K.

However the effect on Ty of confining polymers to these nanoscale geomeiries is not fully
understood. Indeed there are multiple reports that show that the glass transition
temperature decreases, increases, remains the same, or even disappears depending upon
details of the experimental conditions or molecular simulation conditions.[9] Mataz et al.,
the authors of an excellent 2005 topical review state that different behaviours have been
observed for the same material depending on the experimental methods used. Importantly,
they conclude that the vast majority of the experiments they discuss have been carried out
carefully and the results are reproducible. They also conclude that the existing theories of
T; are unable to explain the range of behaviours seen at the nanometre size scale, in part

because the glass transition phenomenon itself is not fully understood.

Recently it has been suggested that measurement of anomalous T, values may be a result of
film preparation history, with independent groups showing when some systems are
sufficiently annealed, the apparent film thickness dependency of T, disappears[25, 26].
Other researchers have found that when polymers are confined to film thickness
approximately equal to the molecular chain radius radius of gyration R, the material
softens[27, 28] and enhanced inelastic strain is observed for a given stress[29]. In addition,
as films are reduced to less than approximately 40 nm, a thickness dependent reduction in
modulus[30, 31], yield and simultaneously in modulus and yield [us] [29]has been found.

The modulus effect may not be universal, but instead depend on chain flexibility[32] with
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flexible polymers such as PS and PMMA showing reduction, while polymers with, for
example, backbone rigidity due to bicyclic (norbornyl) units having a modulus
independent of film thickness. It has further been suggested that deviant properties may be
due to residual stress and/or chain morphology gradients arising from the film preparation

process.

Methods leading to characterization of thin film polymer mechanical properties date back
to the copper grid extension method introduced by Kramer.[33] Modern studies include
variations of this technique and a surface buckling technique introduced by Stafford et
al[32, 34, 35] used in conjunction with either AFM, laser diffraction or reflectance optical
microscopy which allows the elastic modulus of thin films to be measured. Dewetting tests
of supported thin polymer films [36-38] ( < 100 nm) conducted above and below the
polymer glass transition temperature T investigated the rate of hole formation as a

function of film thickness, molecular weight MW, temperature T, and thermal history.

Lateral Force Microscopy (LFM) experiments were carried out by Dinelli et al to determine
the T of heterogeneous polymer surfaces.[39] For confined heterogeneous system 40 nm in
height and a few hundred nm in width they observed that T; was reduced by 6 degrees to
267 degrees from the bulk glass transition due to confinement induced by the low
interaction interface. A collaboration including Overney (Sills et al) [40] also measured
interfacial Ty in spin cast ultra thin films of PS using shear-modulated scanning force
microscopy. Ty was measured as a function of film thickness, molecular weight and
crosslinking density. Across the film there were two regimes, firstly a sublayer extending
approximately 10 nm from the substrate with T; lowered by up to 10 °C below the bulk
value and a second regime extending over 200 nm beyond the sublayer where T; exceeded
the bulk value by up to 10 °C. When Mw was increased it resulted in a shift in the first
sublayer from the substrate interface of the order of 10 nm/Da. Crosslinking the precast
films increased the absolute T; values but had no effect on the spatial length scale of Ts.
Another contact nanoindentation technique using conospherical diamond probes was
carried out by Tweedie et al [16] where they loading up the probes to various loads
corresponding to depths between 5 nm and 100 nm into 1 micron samples of PS, PMMA

and PC. Their results showed an unexpected, but consistent, increase in the elastic
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modulus of up to 200% at depths < 50 nm into the polymers. This is in contrast to what is
seen in this paper, elastic modulus measurements of ultrathin polymer films made using a
buckling technique [32, 34] and papers showing an increase in mobility at the surface of
thin polymer films[41, 42] . However they may be consistent with papers which show a

reduced relaxation in polymer glasses at surfaces [20].
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Figure 3.4: EM/bulk EM wversus film thickness for various polymers for data from Stafford’s

buckling technique[34, 43, 44] and CM/Bulk CM data from FP nanoindentation.

Elastic property measurements present in the literature for homopolymer surfaces and thin
films tested below their bulk glass transition temperature, compared with data from 10 to 1
aspect ratio FP nanoindentation are compared a little later. From this graph (figure 3.4) it is
clear that as film thickness drops below 100 nm a decrease in E is seen, both for Stafford’s

buckling technique and FP nanoindentation.

Figure 3.5 presents FS over Bulk FS against film thickness for PS and shows how FS
decreases as film thickness is decreased below 50 nm. This is all the data available from
literature for forming stress (related to the yield stress) for ultra thin films and was adapted
from Rowland et al.[29] From this one can see there is a scarcity of mechanical data for

ultra-thin polymer films that this thesis seeks to remedy.
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thickness is decreased below 50 nm. This data was adapted from Rowland et al.[29]

3.8 Small Size Effects: Enhanced Surface Relaxation

In addition to these results from NMR and BDS Fakjraai and Forrest show that the motion
of polymer chain segments cooled below T; slows rapidly. [45] With sufficient cooling the
large segmental motion became completely arrested. These experiments were carried out
by partially embedding and then removing gold nanospheres in a polystyrene surface and
measuring the time dependent relaxations of these surface deformations. Temperature was
varied between 277 and 369 kelvin. For temperatures near T; the relaxation time of the
surface was similar to that of the bulk. The deviation from the large segmental transitions
(similar to a transitions) became more pronounced as the temperature was decreased
below the bulk T;. However, surface relaxation continued to be observed at all
temperatures providing strong direct evidence for enhanced surface mobility relative to the
bulk. In addition the temperature dependence of the relaxation time became weaker as the
temperature decreased while the process exhibited no measureable temperature

dependence between 277° K and 307° K. This is contrary to what is expected from the
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temperature dependence of glass forming behaviour where below T; an Arrhenius
temperature dependence with constant activation energy is the norm. Therefore as the
temperature was reduced below T the surface relaxation continued to occur, even while

large segmental motions were arrested.

However their results were not sufficient to show whether these segmental motions at the
surface were a processes that strongly deviate from the bulk or whether they were a
previously unheard of mode relaxation that only occurs at a free surface. Yet what is clear

is that some kind of enhanced relaxation occurs in PS at and around room temperature.

In contrast to these results Priestley et al. used a fluorescence technique to analyse the
glassy state structural relaxation of polymers near the surfaces and interfaces of various
film thicknesses at approximately room temperature. [20] Their technique allows them to
compare the rate of structural relaxation, associated with  relaxations, at these interfaces
compared to the bulk. They found that the rate of relaxation at the surface of PMMA on
silica substrate is reduced by a factor of two at the free surface and by a factor of fifteen at
the substrate, which is equivalent to a complete arresting of relaxation. The distribution in

relaxation rates extends more than one hundred nanometres into the film interior[20].

3.8.1 de Gennes’ Tentative Model for Thin Films
In 2000 de Gennes presented a tentative physical model to explain the features of a drop in
T; when Mw is high and the film thickness smaller than the coil size (R),[46]

R, = aVN (Equation 3.5)
where N is the polymerisation index and a is the monomer size. He considers a model
where two types of motions compete, firstly standard motions controlled by the free
volume as described in section 3.9.1 which is independent of chain length and secondly,
collective motions along the chain due to free ends of polymers at the free surface. For bulk
systems he expects the standard motions to always completely dominate as within the bulk
there is always hindrance of the end group of the polymers. However for thin films the
dominant process may be the collective motion of a “loop” within the chain which does not

involve the chain ends. What becomes most important in this situation is the length of a
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typical loop which starts from the surface, as it is a more fluid region and reaches deep into

the film.

Later in 2000, de Gennes published a modified version of the “sliding model” where the
chain arcs between the two contacts may move if all the barriers along the arc are weaker
then a certain threshold. [46, 47] An important advancement of this revised model was that
the high limiting chain lengths observed experimentally are accounted for in the model.
The same year de Gennes also published a new analysis of data on the reduced glass
transitions observed in freely standing films with Dalnoki-Veress, Forrest and Dutcher.
They find their analysis is highly suggestive of the existence of this mechanism of mobility
in thin freely-standing films that is inhibited in the bulk and distinct from the usual

cooperative motion near T.

In 2011 Kim and Torkelson [48] published results from a multilayer fluorescence method
where they employed a pyrene dye to label the polymers. Their samples consisted of
various films with one 14 nm PS sample sandwiched between two 500 nm PS films, one
with a free surface on a 500 nm PS layer, one sandwiched between two 21 nm PS films, one
on a 42 nm film and lastly a 56 nm PS film. They found that the T; of a 14 nm PS layer with
a free surface matched the T; of a 14 nm layer sandwiched between two 21 nm films which
matched the T, of a 56 nm film. Since in the 14 nm film sandwiched between the two 21 nm
films there can be no chain which forms a loop or bridge reaching the free surface this
contrasts with de Gennes” mechanism whereby T, reductions only occur at locations where
segments are present from chains forming loops or bridges at the surface. In the thicker
samples (>500 nm) the 14 nm film on the 500 nm sample had a reduced T,, while the 14 nm

film between the two 500 nm films had a T; equivalent to the bulk.

3.9 Models for Theory of Elastic to Plastic Transition in Polymer Glasses

To complement the discussion of yield processes in polymers introduced in chapter 2.
While yield processes in polymers was introduced in section 2.6 the theory of elastic to
plastic transition in polymer glasses will be expanded upon here. One of the earlier models

for the elastic to elastic transition in polymer glasses came from Henry Eyring in the mid-
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20" century.[49] Eyring assumed that the deformation of a polymer was a thermally
activated process involving the motion of segments of chain molecules over potential
barriers.[50, 51] He envisaged the flow of the polymer chain as the propagation of kinks in
the molecules, or the segments of molecular chains, into available holes. The Eyring model
is one of the simplest models and is good for qualitative rationalization and hence

worthwhile place to begin.
3.9.1 The Eyring Model

In order for the motion of the kink to result in a plastic flow, it must be raised (energised)
into the activated state and pass over the saddle point. This was the earliest molecular
theory of yield behaviour in amorphous polymers, and Eyring presented a theoretical
framework which formed the basis of many subsequent considerations. The frequency of
the plastic deformation depends on the ease with which a chain segment can overcome a
potential barrier. When no stress is being applied dynamic equilibrium exists. Therefore an
equal number of chain segments can move each direction over the potential energy barrier

(AH) at a frequency (v) given by

vV =V, exp (:RAT—H) (Equation 3.6)

An applied stress o (Figure 3.6) is assumed to produce linear shifts v*o of the energy
barriers in a symmetrical way, where (3 has the dimensions of volumes. The flow in the

direction of the applied stress is then given by

W] (Equation 3.7)

Vi = Voexp [—
This is compared with a smaller flow in the backward direction of

W] (Equation 3.8)

Vz - Voexp [_

The net flow in the forward direction is then given by

AH)

v =v; — v, = vgexp (— (k—T—) {exp (M) —exp (M)} (Equation 3.9)

kT KT

If we assume that the net flow in the forward direction is directly related to the rate of

change of strain (é) we have
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_)) sivih (_ E) (Equation 3.10)

where é, is a constant pre-exponential factor and v, which replaces v*, is termed the

activation volume for the molecular event. Note that

sinh (— g) = exp ((Z—:)) —exp (%) (Equation 3.11)
U
\H
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=
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Figure 3.6: Representation of kink in a polymer molecule when shear stress applied. H represents

energy.

From equation 3.11 the activation energy required for a plastic event to occur and v*, the
activation volume, is considered to represent the volume of the polymer segment which
has to move as a whole in order for plastic deformation to occur, are calculated. For high

values of stress sinh x = %exp X and

éo (AH-vo)

é= = exp = (Equation 3.12)

This gives the yield stress (0) in terms of strain rate as

+ % (Equation 3.13)

__RT {AH
kT éo)

g =
v

These equations are useful as they may give an indication of the underlying molecular
mechanisms within the material as it experiences a plastic deformation. We can see from
equation 3.13 that as the strain rate (é) increases ¢ increases, and as temperature (T)

increases 0 decreases.
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3.9.2 Recent Models of Polymer Deformation

Over the last 30 years there has been many advances in models for polymer deformation,
but to go into these models in great detail here is not the focus of this thesis. To skip ahead
approximately 40 years, in 2002 Capaldi, Boyce and Rutledge further developed their
model[52, 53] following Loo’s et al. paper [54] about experimental results showing
increased chain mobility in the amorphous region of nylon 6 observed under active
uniaxial deformation. Capaldi and Boyce talk about the increased molecular mobility that
accompanies plastic deformation of glassy amorphous polymer under applied stress. In
their computer simulation they see significant increases in torsional transition rates during
active deformation prior to, and just beyond the yield point. The transition rate drops when

active deformation stops.

e - % s ety 3 e ¢ T y -

Figure 3.7: Image of molecular dynamics simulations from Capaldi Boyce and Rutledge.[52] A
single chain within the simulation cell is highlighted. The inset depicts a subset of this chain and
illustrates a transition that occurred along this chain.

Recent studies have challenged the traditional idea that entanglements between polymer
chains control strain hardening. There are a number of reasons for this. One is that as Ty is
approached the strain hardening (Gr) calculated using the entropic model is 100 times

smaller than measured. Also as temperature increases Gr decreases experimentally. This is
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the opposite of what one would expect from an entropic model. In addition Gr and oo are
treated as separate and independent parameters. This ignores any potential contribution of
plastic deformation to strain hardening. As experiments theory and simulations have all
shown that oo and G: are linearly related when temperature, pressure or strain rate are
varied this indicates that they should not be treated completely independently from each

other.

Recently simulations by Hoy and Robbins have also shown that strain hardening occurs in
polymers too short to form entangled networks. Strain hardening in unentangled networks
can be mapped to that of entangled chains in macroscopic deformation. Instead they
consider the orientation of individual chains to play the dominant role.[55, 56] In addition
in the last ten years Chen and Schweizer have developed a microscopic constitutive
equation theory for the nonlinear response of polymer glasses. [57-59] The key physics in
their model is contained in a deformation dependent elastic modulus and a relaxation
time. Using their model they find that the strain rate dependences of yield stress and yield
strain for PMMA are roughly logarithmic with upward deviations at high strain rates.
Their model also predicts how deformation reduces the segmental relaxation time. The
dependences of the yield stress and strain, steady state flow stress and strain softening
amplitude on deformation rate, temperature, pre-aging time, and also two distinct thermal
history protocols are investigated in detail for PMMA glass. Overall, good agreement

between theory and experiment is found.

3.10  Yield processes in Thin Polymer Films

Flat punch nanoindentation in recent years has allowed us to carry out mechanical tests on
thin films, yielding load versus displacement graphs which are easily converted to stress
vs. strain curves. From these graphs it is possible to access the elastic response of the
material as well as being able to clearly pinpoint the yield points. Flat punch
nanoindentation demonstrating the results of the Eyring model in 170 nm polystyrene (PS)
films adapted from Rowland et al. [31, 60] are shown in figure 3.8. These results also
demonstrate how the same theory used for conventional macroscopic mechanical testing
can be scaled right down to 100’s of nanometres. Hence this macroscopic theory for yield

point in polymer glasses is still applicable at the nanoscale. Figure 3.8a shows clearly that
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as the temperature increases from room temperature to 105 °C the yield point decreases.
Figure 3.8b shows that as the loading rates increase from 12.5 MPa/s to 1250 MPa/s the

yield point increases.
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Figure 3.8. Glassy elastic-to-plastic transition behaviour for low polydispersity 9000K, 900K, and
44K Mw polystyrene at 170 nm film thickness. (a) Load versus displacement curves loading at 125
MPa/s to 500 MPa from 20 to 105 °C. A range of over two decades in molecular weight exhibits
nearly identical mechanical response during loading. (b) Mean yield stress measurements loading at
rates from 12.5 to1250 MPa/s and temperatures from 20 to 125 °C. Adapted from[31].

3.11  Relevant Length Scales

In summary, there are two types of length scales in in this problem that must be
considered. Firstly, there are the intrinsic length scales of the polymers themselves, such as
the Kuhn length and the radius of gyration R,. Since Ry is directly dependent on Mw and
the Kuhn length (Equation 3.1 and 3.2) they can be amalgamated into one term as
presented in Eqn 3.2. In this thesis, several different Mw’s of PS are focused on, including
44 KPS, corresponding to a R, of 5.7 nm, 900K, corresponding to a R, of 26 nm and 9000 K,
corresponding to a Ry of 82.1 nm. For PMMA the Mw is 48 K, corresponding to a R, of 5.9
nm.

The second important length scale is the polymer film thickness. Depending on the
polymer film thickness certain polymer properties begin to change. A reduced E has been
measured in both PMMA and PS below 60 nm thicknesses [34, 43], while Ty has been

shown to vary when the film thickness is reduced below 100 nm [24]. The cause of this
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decrease in EM and T, is not understood, and indeed is the source of much debate [9, 61].
In this thesis the point at which the material begins to yield is investigated in films above
and below the 100 nm and compared and contrasted with what exists in the literature. A
second effect, investigated elsewhere, is the effect of confining entangled polymers to films
thinner than Rg. This has been shown to have the effect of accelerating large strain

deformation the during squeeze flow of nanoimprint forming [29].

3.12  Shear Banding in Polymer Glasses

Shear band nucleation and propagation in nanoscale crystalline material samples has been
experimentally probed in crystalline materials [62, 63] and bulk metallic glasses [63] via
nanoindentation. Schuh et al. [63] reports possible shear band nucleation and propagation
in bulk metallic glasses while for platinum he makes measurements of the activation
energy (¢), activation volume (V) and attempt probability (1) for the first plastic event to
occur in this material. The Eyring model formed the basis for these calculations whereby
they assumed there is a local, kinetically limiting process that takes place under the
indenter (for example, the nucleation of a dislocation) that requires an activation energy &.
This energy barrier could be reduced through the mechanical work of indentation, or may
be overcome by an appropriate thermal fluctuation, or a combination of both. The

probability of such an event in a given volume of material is written as

n = ngexp (- =2) (Equation 3.17)
where 7, is the attempt frequency per unit volume. This equation is very similar to
equation 3.2, except now instead of an energy barrier H there is an activation energy ¢,
attempt probability (1) and activation volume (V) for one single plastic event to occur. As
before the mechanical work is equal to a stress o acting on an activation volume V, and the
thermal energy is Boltzmann’s constant k multiplied by temperature T. This same type of

analysis may be applied to amorphous polymer materials, although amorphous polymer

materials have proved to have some additional experimental difficulties.
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Chapter 4: Experimental Methods

In this thesis the main focus is investigation of thin polymer film mechanical properties
using a variant of standard sharp tip nanoindentation. In general, nanoindentation is a
technique for measuring mechanical properties including elastic modulus and hardness in
small volumes at the surface of a bulk material [1]. Here the testing geometry is altered to

that of a flat punch indented into a thin film.

In contrast to all other thin film mechanical techniques, flat punch indentation allows
access to a full stress versus strain response of films prepared to thicknesses less than 100
nm. Once well aligned, a principle advantage of the technique over other mechanical
contact experiments is the unambiguous determination of contact area (e.g. a constant
equivalent to the punch face area) throughout the experiment. A further advantage is the
ability to consistently impose a particular thin film testing boundary condition over a large
range of strain, strain rate and (isothermal) temperature conditions. This is achieved by use
of a well-defined flat punch indented across a thin film sample over a short period of time.
The deformation field is then characterized by strongly separated elastic, yield and plastic
flow states which are described by contact modulus, forming stress and strain hardening
parameters that are otherwise impossible to access in ultrathin films using any of the

methods currently available [2-7].

This chapter will first introduce the modified nanoindenter system we use followed by a
description of the fabrication of the custom made diamond flat punch tips used in this
thesis. Alignment of these flat punch tips in the nanoindentation system is of utmost
importance and so the alignment process will also be discussed. Finally sample preparation

for homopolymer films and BCP films used in the thesis will be presented.

4.1 Nanoindentation

A nanoindenter is an instrument designed to characterize the small scale mechanical

properties of matter using very sensitive measurements of force and displacement. A
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typical nanoindenter can measure forces and displacements as small as 0.2 uN and 0.2 nm
[8]. Traditionally measurements are carried out by pushing a sharp diamond tip into the
material to be characterised and measuring the force and displacement. After sometime the
load (F) is removed and the residual area (A;) of the indentation into the sample is

measured. The hardness (H) which is defined as

H = . (Equation 4.1)

is then calculated[9]. In principle, if a very sharp tip is used, the contact area between the
sample and the tip, and thus the volume of material that is tested, can be made arbitrarily
small. However the problem then arose of how to determine the indentation area if the
indentation is so small that it is becomes extremely difficult to see without a powerful
microscope. This led to depth sensing indentation methods been developed and the load
and displacement of the indenter being recorded during the indentation process. This data
is then analysed to obtain the contact area, and thereby mechanical properties, without
having to see the indentations. From this, parameters such as H and E can be found. To
accomplish this, results from Sneddon who showed that load displacement relationships

for many simple punch geometries can be written as
F= gh™ (Equation 4.2)

where h is the elastic displacement and a and m are constants related to the geometry of
the punch were utilised [10, 11]. For example, m = 1 for flat punches. However, including
plasticity in a model for indentation contact is a more complex problem as the constitutive
equations are non-linear and a number of material parameters such as yield strength and
work hardening coefficient must be included. Therefore most of the important findings of
plasticity in indenter contact problems has come from experimental work, in particular
work by Tabor who studied the indentation of a number of metals deformed by spherical

indenters[12].

One very important observation of these studies was that the shape of the hardness
impression left after the indenter unloaded and the material had elastically recovered, at
least for metals, was the same shape as the indenter while having a slightly larger radius

then the original indenter shape. This was also observed for conical indenters with the
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shape of the left over impression having a larger included angle then the original conical
tip. The importance of this observation was that as elastic contact solutions existed for each
of these geometries, the ways in which plasticity affected the interpretation of elastic
unloading data could be dealt with by considering the shape of the perturbed surface in the
elastic analysis. Tabor used this observation to show that the shape of the entire unloaded
curve and the total amount recovered displacement can be accurately related to elastic
modulus and size of the contact impression for both spherical and conical indenters. He
also found that the diameter of the contact impression in the surface formed by conical
indenters does not recover during unloading—only the depth recovers. Finally, the
indentation must be loaded and unloaded a few times before the load displacement
behaviour becomes perfectly reversible, i.e., a limited amount of plasticity sometimes

occurs in each of the first few loading and unloading cycles.

In 1992 Oliver and Pharr published the most widely used method for calculating the elastic
modulus from indentation using the unload data[10]. They found that since the unload is
rarely linear, even at the beginning of the unload, it is more accurate to use power laws
such as equation 4.1 to describe the unloading data, where the exponent varies from 1.2 to
1.6 depending on the tip geometry. As a result of these advances the nanoindenter is now

widely used to measure both H and E of materials.

4.1.1 Nanoindentation Set-up

Load control nanoindentation was provided via an indentation die actuated in a direction
perpendicular to the sample surface using a modified commercial nanoindentation system

(MTS Nano Instruments Nanoindenter XP), figure 4.1 a.

Due to of sensitivity of the measurements the nanoindenter is housed in a chamber to
protect it from external sources of vibration, air currents and sound. The machine is set on

a floating table inside this housing so that it is better isolated from floor vibration.
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Figure 4.1: A) Simple Schematic of nanoindenter set up.[13] B) Representation of springs (Km, Ki

and Ks) and capacitor (Ci) in the nanoindenter.

The nanoindenter actuates movement of the tip by applying a current to the coil which
then generates a magnetic force at the top of the shaft. The applied load is measured by a
calibrated operational amplifier which measures the actual coil current, while displacement
is measured by calibration of the differential capacitive output. When the tip comes into
contact with a sample, these raw data channels are used to calculate the actual load and
displacement of the tip at the sample contact point using formulae which take the
calibration constants, stiffness of the leaf springs and frame stiffness (support springs) into
account. Both the load and displacement calibration constants must be found for each

individual nanoindenter head.

The load calibration is performed by balancing the coil force to known weights which are
hung from the indenter mountings. The raw load current for each weight in free space is
adjusted until the displacement voltage reaches a set value. This is repeated for several
different weights. The coil current versus load has a linear relationship and the calibration
constant for the load is found from the slope of this line. The displacement calibration uses
a Newton’s rings interferometry technique. The nanoindenter is set to move a constant
velocity while attached to the Newton’s rings set-up. The motion of the nanoindenter
causes a variation of the position of the interference fringes which in turn are measured

with a telescope. The variation of position of the fringes can be related to the displacement
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voltage measured by the indenter and from this linear relationship the displacement

calibration constant is found.

The system is load instrumented with low noise (100 nN noise floor) force provided by a
solenoid apparatus that controls the indenter-terminated shaft which has a mass of 100 g.
This shaft is supported by an 80 N/m dual leaf spring arrangement that ensures one-
dimensional motion. Forces varying between 0.0001 and 8000 mN can be applied with
~0.0001 mN resolution. The indenter and shaft displacement measures over a range of 2

mm with 0.05 nm resolution using a differential capacitive sensor.

When the indenter contacts a sample it has a S associated with it which is the stiffness of
the inden‘er tip and sample contact. This contact sample stiffness is arranged in parallel
with the support springs (Ki) which have a nominal 80 N/m stiffness. The support springs
consist of both the leaf springs, which support and guide the mass of the indenter shaft,
and the frame of the indenter and are shown in figure 4.1 a. Together, these elements are in
series with the overall instrument frame which has a stiffness of six million N/m (Km). The
means that for typical sample contact stiffness of 1000’s to 100,000’'s N/m, the support
springs are small, and the frame stiffness is large, giving only small corrections on the

measurement for either part (figure 4.1 B).

Kn and S are in parallel to the leaf spring stiffness and also the displacement capacitance,
which has a dampening coefficient of Ci. This dampening coefficient is calculated by
oscillation of the indenter shaft in free space without any contact to the sample. In addition,
the support spring stiffness can also be measured by moving the indenter in free space and
measuring the load voltage and corresponding displacement voltage. In order to calibrate
the support spring’s stiffness indentation experiments are conducted on a material with a

known elzstic modulus and Poisson ratio.

The compliance of the system is found using total compliance of the system (J) is given by

1

J=5=lp+Jc=I +2—E7f/—z (Equation 4.3)

where Si s the combined stiffness of the machine and the calibration specimen, J is the
machine compliance and J. is the specimen compliance. E is the modulus of the specimen

and A is the contact area of the tip with the specimen. A series of indents at different
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depths are conducted and from the slope of 1/YA versus the measured compliance J, J; can
be found. From this equation the value of the support springs of the nanoindenter used has

been calculated to be 80 N/m.

4.1.2 Continuous Stiffness Measurement Mode of Nanoindentation

Traditionally, in the nanoindentation technique, the measurement of S and E is determined
from the unloading slope of the quasi-static load-displacement data, and in such
calculation, it only allows one to determine S, E and H at the maximum penetration depth
[10]. The Continuous Stiffness Measurement (CSM) is a technique which allows continuous

calculation of S, and hence E, as the indenter tip carries out the indent.

The CSM imposes a faster, small amplitude dynamic mode of a (typical) 45 Hz sinusoidal
load under feedback regulation to provide a constant displacement amplitude motion of
the die at all stages of indentation. It can apply either a set load or a set displacement and
maintains this throughout the indentation process. The load the CSM applies is called the
harmonic load and the displacement called the harmonic displacement, to differentiate the
data collected by the CSM from the overall load and displacement recorded by the
nanoindenter. Throughout this thesis the CSM is most utilised by setting a harmonic
displacement amplitude of 2 nm. Amplitude and phase of the sample displacement signal
relative to loading is recorded and from this S and E of the samples can be continuously

calculated as the tip indents into the material.

. 2 . dF :
Using the CSM S is calculated by the CSM according to S = —= where &the harmonic
displacement and F is the harmonic load. This then allows a continuous measurement of E
to be calculated, as S and E are related via Poisson’s ratio (v) and a geometry factor as

presented in Yang’s model [14] according to

_ (14+v)(1-2v) S
- (1-v) Area

E (Equation 4.4)

where h is the original film thickness. This is utilised and discussed further in Section 5.4.4.
and is extremely useful for materials where the mechanical properties may change with

surface penetration, such as layered materials.
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The basic principle behind AC modulation is to superimpose an oscillatory modulation oP
on the quasi-static load P already applied to the indenter, and then monitor the
displacement amplitude and phase shift of this modulation. This AC displacement is
measured with a lock-in amplifier. A driving force of F = F sinwt is applied where F is
the amplitude of the force, w is the angular frequency and t is the time. This corresponds to
the following equation of motion between the nanoindenter and the nanoindenter head

mxX + C;x + kx = Fysinwt (Equation 4.5)

The solution to this equation is x = Xsin(wt —¢). [15] X is the amplitude of the
displacement oscillation and ¢ is the phase difference between the displacement and the

driving force. The amplitude of the displacement oscillation can then be found from

F, .
X = \/(_k__mw_zg’_u(cwz) (Equation 4.6)

and the phase angle can be found from

g =t #C;Z (Equation 4.7)
Where k is the combined spring constant
k=K + 1—1+—1 (Equation 4.8)
Km 'S

For a sample not in contact S = 0 the values K;, m and K» can all be found from the
calibration measurements described previously. Therefore we can find out what the
damping coefficient Ci is from the previous equations. Once this is known, the machine can
then be calibrated so that S can be found from the CSM when the tip is in contact with a
sample. For the CSM the w value is set and x,, ¢ and Fo are measured. Normally in
oscillation experiments the spring constant, K is fixed and the oscillation frequency w is
measured but in nanoindentation experiments the spring constant changes during the test
and the oscillation frequency is kept fixed. When the indenter head is moving in free space
the spring constant K = Ki. The natural frequency of the nanoindenter head used for these

measurements is VKi/m = 20 Hz.
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Figure 4.2 shows the AC modulation technique schematic. The DC signal is applied to the
coil in the indenter head. The outputted load voltage is passed through a high pass filter

which is then passed into the lock-in amplifier.
DCSignal

!

- Low Pass Filter RC - |ndenge;;Head
G, K

!

- Lock-in Amplifier _ High Pass Filter RC
ACSignal

Figure 4.2: Schematic of DC signal which controls the motion of the indenter head (Ci is the
capacitor in the nanoindenter and Ki is indenter springs) in conjunction with the configuration of
AC modulation[16] the controls the small oscillation that is superimposed on the overall motion of

the indenter tip by the CSM.

A sinusoid AC signal with a known frequency and amplitude is produced by the lock-in
amplifier. It is then passed through the low pass filter and onto the coil along with the DC
signal. The resultant AC signal is then passed through a high pass filter and is passed back
into the lock-in amplifier. This measures the amplitude of the AC signal and the phase
difference between the excitation from the source and the resultant signal. In free space, the
phase shift is due to the filters and to the dampening coefficient, Ci. The dampening in the
capacitors is usually due to air in the capacitors and Ci varies depending on the position of

the middle plate with respect to the fixed parallel outer plates.

In addition within the nanoindenter set up there is also a 50X optical microscope (50X)
which can be used to calibrate the location of indents with areas on the sample undergoing
measurement. The nanoindenter is controlled via a software program called Nanosuite
which allows different methods of indentation to be programmed. For instance it is

possible to control the displacement of the tip and/or the load that the tip applies. This

58



means it is possible to have a level of control over the loading rate which is extremely
important considering the time dependence of polymer samples. The methods can also
control how the die approaches the sample and how it recognises when it is contact. The

data collected is then analysed via nanosuite, Microsoft Excel and Origin Lab.
4.1.3 Raw data: Nanoindentation

Figure 4.3(a) presents raw data collected from the indentation of an 800 nm diameter
diamond flat punch indented into a 150 nm PMMA film. The aim of presenting this data
here is to introduce the form of the raw data collected during indentation along with an
overview of noise on the system and how the nanoindenter calculates when it is in contact
with the sample. Additional analysis is carried out on this raw data to convert it to stress
vs. strain curves, which are then used to extract elastic modulus and yield stress. This is
expanded upon in the analysis sections of chapters 5, 6 and 7. Firstly, load on sample
versus displacement into sample is shown in figure 4.3 a along with a section of data from

raw displacement versus raw load of nanoindentation tip when the tip is in free space.

Raw Displacement (nm)

Load On Sanmple (mN)

-7970

-7980

-79908°% " -

(S = ; T

(o] 100 200 -113.1525 -113.1520 -113.1515 -113.1510
Displacement Into Surface (nm) Raw Load (mN)

Figure 4.3: a) load on sample versus displacement into sample for 800 nm diamond flat punch into
150 nm 48 K PMMA. b) presents data of raw displacement versus raw load of nanoindenter when

the tip is i1 free space.
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This load versus displacement representation is the most fundamental data associated with
nanoindentation. At the most basic level the nanoindenter applies a load and measures a

displacement, and this is the most basic data from nanoindentation.

When the CSM is switched on a harmonic load or a harmonic displacement is set and
maintained via a feedback loop. From the slope of harmonic load versus harmonic
displacement the stiffness can be calculated. This can then be converted into an elastic
modulus for the initial section of the indent (analysis carried out in chapter 5). In the most
commonly used method throughout this thesis a harmonic displacement of 2 nm is chosen
for flat punch nanoindentation which corresponds to a 2 nm oscillation on the indenter tip
as it moves. Figure 4.3 b shows this harmonic displacement in free space. The nanoindenter
uses a feedback loop as described in section 4.1.2 to calculate the load required to maintain
the 2 nm displacement. Figure 4.4 presents the data for the harmonic load and harmonic

displacement just before and during the actual indentation of the tip into the sample.

Harmonic Displacement (nm)
Harmonic Load (uN)
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Figure 4.4: a) harmonic load required to maintain a harmonic displacement of 2 nm. b) presents the
data for how well the nanoindenter managed to maintain the 2 nm displacement. From this data it is
possible to see that before contact the indenter easily maintained a 2 nm harmonic displacement, but
when it came in contact with the material it fluctuated to ~1 nm harmonic oscillation. After the

system stabilised it then recovered to 1.8 nm oscillation rather than the set point of 2 nm.
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Figure 4.4a shows the harmonic load required to maintain a harmonic displacement of 2
nm while figure 4.4b presents the data for how well the nanoindenter managed to maintain
the 2 nm displacement. It becomes obvious from this data that before contact the indenter
easily maintained a 2 nm harmonic displacement, but when it came in contact with the
material it fluctuated around the set point before stabilising to ~ 1.8 nm harmonic
displacement oscillation. The reason for this fluctuation is the speed of the feedback loop in
the electronics of the nanoindenter which has a maximum frequency of 500 Hz. When the
indenter undergoes a large variation it takes the electronics of the nanoindenter a period of
time to adjust. One way to lessen the effect of this electronic adjustment time is to insert a
small hold segment on the nanoindenter tip just after it comes into contact with the sample.
This has the effect of reducing the error in the CSM data as indentation into the actual
sample is carried out, although it has not proven possible to completely remove this error
from the measurement.[17] However, as the indenter does correctly measure the harmonic
displacement it actually achieved, as well as the harmonic load required, it is possible from
recalculation of the sample after the test to calculate a reasonable stiffness shortly after the

contacting section of the indentation.
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Figure 4.5 a) phase angle for indenter in free space and as it indents into sample. b) corresponding
harmonic stiffness internally calculated by the nanoindenter software from harmonic displacement

and harmonic load (Figure 4.4).
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Figure 4.5 a presents the raw data for the phase angle, described in section 4.1.2. for the
indenter just before it contacts the sample and as it indents into the sample. In this thesis
this is the main method used to recognise when the indenter contacts the sample surface. In
the most widely used set up for nanoindentation when the nanoindenter comes in contact
with, what are generally, very hard materials the harmonic stiffness calculated shoots up
upon contact with the hard material. Thus normal nanoindentation uses a surface find
triggered when the harmonic stiffness (figure 4.5 b) goes above 200 N/m. However for
softer materials, such as polymers, where it is possible for the indenter to contact the
material but not drive the harmonic stiffness above 200 N/m, it is possible to program the
indenter to trigger the surface when the phase angle, which is normally 156° + 4° drops
below a certain value, for example 110°s (figure 4.5 b) in this experiment. The raw data
collected is then analysed via Nanosuite, Microsoft Excel and Origin Lab and the results

are presented in chapters 5, 6 and 7.

4.2 Custom Tip Manufacturing Process
4.2.1: Initial Alignment and Planarization of Diamond Flat Punches

A good supply of diamond flat punch tips is central to this thesis. As it is not possible to
purchase these they must fabricated internally in the group. The ideal customised flat
punch tip is perfectly circular, has very low surface roughness (of the order of 1-2 nm) and
sharp edges and sits at the lowest point of the tip, enabling it to cleanly contact the sample
when placed in the indenter. Dimensions of the tip are also important, as the tip must be
tall enough to offer good clearance when contacting a sample such that any pile-up that
occurs does not contact any part of the tip. As most polymer samples used in this thesis
were of the order of less than 200 nm thickness this does not present a large issue for this

work. Manufacturing these tips involved the use of customised holders, FIB and SEM.

Standard sharp diamond indenter tips were obtained from MTS Nano Instruments and the
indenter tip to be customised was mounted at an angle approximately 49 degrees in the FEI
Focused Ion Beam (FIB) as in figure 4.6.It was possible for the tilt stage in the FEI FIB to

move from -14 to 52 degrees. A tip holder was designed so as to limit the need of the tilt
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stage from approximately 0 to +7. This drastically reduced the likelihood of crashing the tip
while in the SEM and allowed the indenter tip to be easily aligned with both the FIB beam

and the electron beam.

Electron gun

1
/
Y Axis of planarisation
i
38 /T
/ e Actual tip
. 2

Rotation

= Tilt T T +
Figure 4.6: Initial FIB set up for manufacturing diamond flat punches.

Next the tip was focused on using the ebeam and FIB. Figure 4.7 shows two ultra high

resolution images of a tip about to undergo customisation.
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Figqure 4.7: Ultra high resolution images of diamond nanoindentation tip about to undergo

manufacture into flat punch.

The next step was to position the tip for planarization. The objective of this step is to cut a
smooth plane at the top of the nanoindenter tip where the flat punch will be fabricated.
This smooth plane should be cut so that when the nanoindenter tip is taken out of the FIB
and placed in the nanoindenter, upon indentation it should be close to been aligned when
coming into contact with a smooth surface, without using a tilt stage. This means that the
planarised area should be parallel to the base of the indenter tip, which is the part that slots
into the nanoindenter. To do this the tip must be first tilted, and then rotated about its axes,
until any cuts made using the FIB will be close to parallel with the surface of the tip base.
To do this one must switch to the FEI FIB to FIB imaging and align the base of the tip at 90
degrees to it. This alignment was done by altering the tilt until it is possible to draw a

horizontal line along the tip base. The tilt angle (T) was then recorded.

The rotation (R) of the tip about its axis was next corrected by moving to the edges of the
tip base. The tip was then rotated until the tip base, as best as can be seen by eye, was
parallel to the ion beam. This was then referred to as position 1. Figure 4.8 shows the base

of a well aligned tip.
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200 ym
Tip 10 berk

Figure 4.8: FIB image of the base of an aligned inverted nanoindenter tip as described above.

Using the FIB to align the base of the tip at 90° to the FIB beam translates to good
alignment in the nanoindenter system. This is because the base of the tip inserts into the
nanoindenter system. After alignment the FIB is moved back to the top of the tip and an

ion beam of ~ 10 pA used to mill a planarised surface (Figure 4.9).

E-Beam| FWD| 07/21/11 | Spot| Mag | Tit | Det |— 5 ym E-Beam| FWD| 07/21/11 | Spot| Mag | Tit ¢ 2 ym

500kV|4880| 164400 | 3 |100kX| 8.1° | TLDS Tip-10 berk 500 kv|4882| 17:03:34 3 |200kX| 81 TLD-S Tip 10 berk

a) b)
Figure 4.9 a) UHR resolution ebeam view after 240 seconds of milling with a 10 pA FIB current. b)

UHR resolution ebeam view after 308 seconds of milling with a 10 pA FIB current.
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The next step was top down milling to create the flat punch. For this step it was necessary
to have the planarised surface at a right angle to the FIB beam as in figure 4.10. To
accomplish this the tilt was zeroed so that absolute tilt (T,) = 0 degrees. This ensured that
when the tip was rotated it rotated with respect to the axis of the electron gun. Next the tip
was rotated by 180 degrees. The tip was then at an angle of 38 degrees + T degrees from the
electron gun. For top down milling the tip had to be at exactly 52 degrees from the electron
gun to ensure planarised section of the tip is at 90 °s to the FIB beam. Therefore the tip

holder was then tilted by T, to get it aligned for top down milling where

52 -38-T=T7, . (Equation 4.9)

Electron gun

Actual
tip

Rotation

STilk T+ Tilt

Figure 4.10: FIB set up for top down milling of diamond flat punches.
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4.2.2: Direct top-down FIB Milling of Diamond Flat Punches

Following planarization, two methods were used to fabricate punches: Direct milling and
gallium implant masking. Ail but one punch was manufactured using the direct miiling
technique described in this section. In Section 4.2.3, the implant masking process will be

described.

Direct top-down FIB milling of planarised sharp diamond tips was used to produce
circular punches of various diameters. For the first cut, a high FIB beam current was chosen
depending on the amount of material to be removed. Flat, circular punches similar to that
shown in figure 4.11(a), was the desired end result. To obtain a clean, defect free punch
with sharp edges, a lower, finer-cutting beam current was employed as the cuts got closer
to the final diameter of the flat punch required as shown in figure 4.11(b) and Figure

4.11(c).

Figure 4.11: a) After top down coarse FIB mil (100 pA). b) after top down fine mil (10 pA). c) Top

down view of the punch using the FIB beam at 10 pA.

The final step was to return it to position one and replanarise the flat punch by using a fine
mil of 10 pA to clean the surface as in figure 4.12. Note that this punch was used for
indentation into 50 - 60 nm films and so very little clearance was required above the
circular outer walls of the punch. In addition the outer walls of the punch helped with

alignment of the punch in the nanoindenter as described in the next section.
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Figure 4.12: a) FIB side view of finished flat punch. b) E beam tilted view of finished flat punch.
4.2.3: FIB Masking and Plasma Etching of Diamond Flat Punches

One 400 nm DFP was manufactured using a different process from described above. Firstly
a conductive diamond (or boron doped) tip was ordered from MTS system MTS Nano
Instruments. All steps until the beginning of section 4.2.2 were identical. However, at this
stage a gallium mask of the required flat punch diameter was created on the planarised
surface. The tip was then placed in a plasma etcher and the end results is shown in figure

4.10 This process is described in more detail in McKenzie et. al. [18] and Tripathi et. al.[19]

v ]

Figure 4.13: 400 nm diamond flat punch. a) is a tilted e-beam ultra high beam resolution image of
the finished punch. b) is a zoomed out FIB image of top down view of the punch. c) is a zoomed in

FIB image of a top down view of the punch.
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4.3 Alignment of a flat punch to the sample surface

Punch face to film surface alignment [20] is a critical aspect of our experimental technique.

When well-aligned, the indenter die face comes in contact uniformly with the sample,

applying an instantaneous uniform strain across this entire region. We expect a

characteristic signature of this kind of indentation into a film of elastic-plastic material

(Figure 4.14). For materials like ductile polymer glasses we expect, with increasing strain,

successive regimes of elastic deformation, elastic to plastic transition at a specific yield

point followed by a post yield elastoplastic flow. As the elastoplastic flow develops to large

strain, we see an additional effect of substrate elastic relaxation due to the difficulty in

extruding a highly thinned film. In a typical load program, the loading is followed by a

hold period where creep is observed. After creep is allowed to occur, the indenter is

unloaded. Figure 4.14 shows this characteristic graph for a 52 nm thin film of polystyrene

glass. The punch used was a 350 nm diamond flat punch with a punch face roughness of 2-

3 nm. Excessive face roughness and misalignment of the flat punch leads can alter this

signature. The strain at yield point appears to be high due to these contacting defects.
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Figure 4.14: a) Characteristic measurement of ultra-thin polymer film taken using a 350 nm DFP.

b) DFP used in indentation and c) shows an AFM of the remaining deformation.
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4.3.1 Method of Alignment of Flat punch in Nanoindenter

It is of utmost importance during flat punch nanoindentation to be well aligned to the
plane of the substrate. The direction of indentation must be perpendicular to the sample as
shown in figure 4.15. A badly aligned punch shown in figure 4.16 will have larger error

values associated with it.

z )y
/X Direction of Indentation

Diamond
tip
Flat punch—— Thin film

Silicon—
substrate

Figure 4.15: Schematic of aligned flat punch indentation.
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Figure 4.16: Schematic of misaligned flat punch indentation.

In the misaligned schematic (Figure 4.16) the flat punch does not contact the sample
smoothly, and it will be 2r sin 6 before the punch is fully in contact with the sample, where
r is the radius of the circular punch face and 0 is the angle of misalignment. This will lead
to error in our measurement which can result in an increased contact modulus and forming

stress.

To reduce this error in measurement a precision tilt stage (Physik Instrumente) is used that
allows the sample to be rotated independently about two orthogonal directions in the
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plane of the sample. This capability is used in conjunction with an in situ Atomic Force
Microscope (AFM, Danish Micro Engineering (DME)) that verifies the planarity of shallow
contact impressions. To achieve good alignment, a series of indents are carried out using
the flat punch and thin film sample. The depths of indentations are varied, generally from
10 nm indent depth to 100% of the film thickness. AFM images of the indents are taken and
then profiles of the images analysed. The AFM image and nanoindenter optics are out of
phase by 2.8 degrees (figure 4.17). This can be accounted for simply by rotating the image
by 2.8 degrees in the clockwise direction and then carrying out the x and y axis profile
analysis. If this misalignment is not accounted for Where it may cause an issue is in
additional movement rotation of the tilt stage if any estimates of the position of the x and y

axis are off significantly.

Nanoindenter X-Y plane (top down) AFM X-Y Plane alignment (top down)

A B
Figure 4.17: Nanoindenter x and y plane, top down alignment with AFM.

Using AFM image of a flat punch indent a depth profile along the x and y axis of the indent
is calculated. As these are orthogonal planes they are linearly independent and so varying
the angle of one in the z direction does not affect the other. When an angle of misalignment
is calculated (shown in figure 4.16 ) the tilt stage is then moved so as to move the indenter
tip in the x plane perpendicular to the sample x axis (or the flat surface of the punch along
the x axis is parallel to the sample’s x axis). The tilt stage has a resolution of 0.003 millirads.

Once this is corrected for in the x axis it is repeated along the sample y axis.
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When the base of the indent and the sample are parallel in the two orthogonal directions
then we can be confident that the sample is aligned. Any apparent misalignment error in

alignment is then due to any features on the flat punch surface.
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Figure 4.18: 700 nm DFP indents to 20, 50 and 150 nm into 150 nm film of PMMA.

Indenting to various depths (figure 4.18) give an overall impression of alignment within
the sample. Here it can be seen that the indent to 20 nm (figure 4.19) leaves a definite

circular indent.

[43.7 nm] 47.9 nm e ot

T

[wr]

$&m 5tm

V% iEm
am

880

a) 1.36 [um] 24 b) ' 7] i (3 i) 10 2 1 [m

Figure 4.19: a) AFM image focused in on indent to 20 nm depth. b) Profiles corresponding to figure
S L

From figure 4.20 we see that the x axis must be rotated 2.07 * 17.4 * 3184 steps to
accommodate this tilt and 0.81*17.4*3184 steps in y to accommodate the y misalignment.
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